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Abstract

Two types of TRIP steels, a commercial 304L stainless steel and an Fe-10%Cr5%Ni-8%Mn steel, have been used to investigate the effects of temperature and grain size
on the transformation and mechanical behaviors. 304L SS was used to investigate the
effects of temperature ranging from 300K to 77K, while the Fe-10%Cr-5%Ni-8%Mn
steel was used for the investigation of the effects of the grain size at 300K.
At 203K, the fcc grains of the 304L SS with {200} plane normal parallel to the
loading direction are preferred for the fcc to bcc transformation and the {200} plane
normals of the newly-formed bcc grains are also concentrated along the loading direction.
For the fcc to hcp transformation, the fcc grains transform within a wider range of
orientation distribution and the hcp basal plane normals are primarily orientated with an
anlge between about 10° to 50° to the loading direction.
At 77K, two components, <110> and <111>, in contrast to only <110>
component at room temperature, develop in the fcc austenite during the deformation. For
bcc martensite, the grains are primarily oriented with (100) plane normal parallel to the
loading direction. At high strain levels, the bcc phase becomes less textured when the fcc
grains with less favorable orientations start to transform. It is illustrated that the phase
transformation dominates the texture evolution during the low temperature deformation.
The fcc to hcp transformation occurs in a wide angle range and a high shear stress is
favored for the hcp phase formation.
To investigate the effect of grain size on transformation/deformation behavior, the
Fe-10%Cr-5%Ni-8%Mn TRIP steels with different grain sizes (50µm, 350nm, and
v

250nm) were prepared and in-situ neutron diffraction was performed. The evolution of
phase fractions and lattice strains for both austenite and martensites was investigated at
300K. The ultrafine-grained (350nm and 250nm) samples show a combination of high
strength and good elongation. The martensite formation and the concurrent load
partitioning between the austenite and the newly-forming martensite phases were
identified as the source of the strain hardening that facilitates the high ductility
maintained in the UFG steel.
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Introduction

Strain-induced martensitic transformation has a significant effect on the
mechanical properties of the austenitic steels, such as ultimate tensile strength, ductility,
toughness, strain hardening rate, etc. The crystallography and mechanisms of martensitic
transformation and the effect of the martensite formation on the mechanical behavior
have been widely studied. However, some fundamental issues still remain unsolved,
which include: (1) what is the micro-mechanism regarding the interaction between the
austenite and the martensite when the volume fraction of the martensite varies as the
deformation progress; (2) how do the crystallographic textures of the austenite and the
martensite vary during the deformation and transformation process, which are responsible
for the changes in the physical and mechanical properties; (3) what is the effect of the
grain size on the transformation behavior and therefore the mechanical behavior and how
does the TRIP phenomenon help maintain the high ductility in high-strength steels.
First, to understand the properties of a multi-phase material, it is necessary to
understand how the constituent phases interact when under load. In multi-phase systems,
how applied loads are carried by the material depends on interactions between grains of
the different phases. The distribution of stress over a multi-phase system may also be
thought of in terms of the partitioning of lattice strain, since lattice (elastic) strains are
linearly proportional to the stress. The load partitioning between phases during the plastic
deformation of composites with fixed reinforcement fraction is well characterized and
understood. In materials which exhibit strain-induced martensitic transformation,
however, the volume fraction of the second phase varies as the deformation progresses,
vii

leading to a more complicated interaction between phases. One of the research objectives
is to investigate the effect of the temperature on the extent of the martensite formation
and the effect of the martensite formation on the interphase stress generation.
Second, the orientation of the grains, or the polycrystalline textures, can have an
important effect on the physical and mechanical properties of the material, affecting its
strength, elongation, formability, and possible failure modes. During the martensitic
transformation in TRIP steels, the crystallographic orientation of the austenite and the
preferred variants selection of the martensite affect both the local transformation strain
and the overall uniform elongation. There are two mechanisms, plastic deformation (i.e.,
slip) and martensitic phase formation, which are responsible for the texture evolution in
the TRIP steels. As a result, the crystallographic texture of the TRIP steel is quite
different from that in the stable materials. One of the research objectives is to investigate
the initial texture of the parent austenite and the texture evolution (both austenite and
martensites) during the strain-induced martensitic transformation in 304L stainless steel.
Also, for the purpose of comparison, the texture evolution of the austenite during room
temperature deformation (without transformation) will be investigated. Then, the effect of
the martensite formation on the texture evolution of the matrix austenite and the
interaction between the deformation texture and transformation texture can be identified.
In addition, the martensitic transformation in austenitic steels has been reported to be
grain-orientation dependent meaning that only grain families with particular orientations
relative to the loading direction are preferred for transformation while other grains remain
untransformed. By tracking the texture evolution during the deformation, the preferential
martensite variants selection can be determined.
viii

Third, it is well known that the strength of the materials can be dramatically
enhanced by reducing the grain size based on the Hall-Petch relationship. The recent
advances in the severe plastic deformation (SPD) techniques allow the refinement of the
grain size to the nanoscale. However, the high yield strength is usually achieved at the
expense of the ductility as there is little uniform elongation after yielding due to the lack
of strain hardening. In the case of the recently developed ultra-fine-grained TRIP steel,
the martensitic phase transformation provides an effective source of strain hardening. The
replacement of the austenite by the much harder martensite phase increases the strain
hardening rate and delays the strain localization. The prevention of premature necking
leads to a significant increase in the uniform elongation. Therefore, the strength and the
ductility can be increased simultaneously. It is important to understand the mechanism of
the interaction of the plastic deformation and phase transformation since it could also be
applied to enhance the hardening and ductility of other nanocrystalline alloys. Hence, the
last research objective is to study the effect of thermomechanical processes and grain
refinement on the mechanical and transformation behaviors and investigate the
mechanism responsible for the high ductility maintained in the high strength UFG TRIP
steel.
The results of this research project will provide a fundamental mechanistic
understanding of the strengthening behavior and the texture evolution in the TRIP steel
and the relationship between the strain-induced martensitic transformation and the
ductility improvement in the UFG materials. Based on these findings, further advances in
the future alloy developments are expected. Furthermore, the experimental data could
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also be used to develop computational simulations on the transformation texture and
strain.
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(black) of the recrystallization processed (RP) sample.

Figure 5-9.
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Evolution of the weight fraction of austenite and martensite phases
in the solution treated (ST) steel during the room-temperature
tensile testing. (σE - elastic limit, σy - 0.2% yield stress)
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Figure 5-10. Evolution of axial lattice strains of the austenite and martensite

phases in the ST steel.
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Figure 5-11. Evolution of the weight fraction of fcc austenite and bcc

martensite phases in the reverse transformation processed
(RTP) steel during the tensile testing.
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Figure 5-12. Evolution of the axial lattice strains of fcc austenite and bcc

martensite phases in the RTP steel.
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Figure 5-13. Evolution of the weight fraction of fcc austenite and bcc

martensite phases in the recrystallization processed (RP) steel
during the tensile testing.
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Figure 5-14. Evolution of the axial lattice strains of fcc austenite and bcc

martensite phases in the RP steel.
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Part I:

Literature Review
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1.1.

Martensitic transformation

1.1.1. Introduction
Martensitic transformation is a diffusionless, displacive solid state phase
transformation that takes place by cooperative atomic movement. Martensitic
transformation has many important technological applications, e.g., improving the steel’s
strength by cooling induced transformation. The austenitic steels have a metastable facecentered cubic (γ-austenite) structure. Upon cooling below the martensite (designated as
α΄ or ε depending on the crystal structure) start temperature (Ms), the martensitic
transformation occurs [1-6]. The driving force for the diffusionless martensitic
transformation can be expressed as:
∆G γ →α ' = ∆H γ →α '

(T0 − M s )
T0

(1-1)

where T0 is the equilibrium temperature for γ and α’ phases and Ms is the martensite start
temperature as schematically shown in Fig. 1-1 [7] (all the figures are located in the
appendix part). For the γ→α’ transformation to occur, the degree of supercooling should
be large enough to allow the free energy difference between γ and α’ phases ( ∆G γ →α ' ) to
exceed the energy barrier, that is, the energy needed to overcome the interfacial friction
associated with the atomic movement to form a new lattice crystal. If enough driving
force (supercooling) is given, the transformation will be accomplished. As an athermal
process, the martensitic transformation will stop if the austenite is held at a constant
temperature. For further martensite formation to occur, it is necessary to decrease the
temperature continuously. Fig. 1-2 schematically shows the growth of α’ martensite [7].
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The α’ martensite plates randomly form in the austenite grains and stop at the grain
boundaries. Then, new martensite plates may form between the existing ones. The growth
of the martensite plates may be limited by the grain size of the parent austenite. However,
the martensite volume fraction is not necessarily dependent on the grain size of the
austenite.

1.1.2. Crystallography of martensitic transformation
Martensitic transformation is diffusionless and the martensite forms by a lattice
deformation of the parent austenite phase. The lattice deformation can be achieved by a
shear deformation. Take the fcc (γ) to hcp (ε) transformhation as an example. Both fcc
and hcp crystals have a close-packed structure. Their primary difference is the stacking
sequence of the close-packed planes. Fig. 1-3 shows the stacking of the close-packed
planes of fcc (111) and hcp (0001). The solid and empty circles in Fig. 1-3 represent
different atomic planes. The fcc to hcp transformation can occur by shifting every two
neighbouring fcc (111) planes in the [ 11 2 ] direction by a distance of a/ 6 (where a is
the lattice parameter), which is realized by the partial dislocation movements in the (111)
planes [8]. The shear angle of the fcc lattice caused by such atomic plane shifting is about
19.5°, as indicated by the dotted arrow in Fig. 1-3, and the c/a ratio of the hcp phase
formed in this way is about 1.633 [8]. The subsequent deformation process could change
this ratio. Shoji and Nishiyama determined the orientation relationship between fcc and
hcp phases as follows [9-10]:
(111) fcc (0001) hcp , and [112] fcc [1100] hcp , or [110] fcc [1120] hcp
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The transformation from the fcc to hcp structure may be the simplest example of
the martensitic transformation. The lattice deformation which is necessary for the fcc to
bcc (or bct) transformation is more complicated. Bain proposed a theory in 1924 about
how the bcc (or bct) α’ martensite can be produced from the fcc parent austenite by
diffusionless transformation. According to Bain’s model, a bcc lattice can be generated
from fcc lattice by a compression along one principal axis and a simultaneous expansion
along the other two axis perpendicular to it. Fig. 1-4 presents a schematic of Bain
distortion for the fcc to bcc transformation [11]. Also, there are clear orientation
relationships between the γ austenite and α’ martensite for a given composition [8, 12]:
(111) γ (011) α ' , and [101]γ [111]α ' (Kurdjumov-Sachs relations)

(111) γ (011) α ' , and [110]γ [101]α ' (Nishiyama relations)

Both Kurdjumov-Sachs (K-S) relations and Nishiyama (N) relations were determined by
experimental observations. The K-S relations are indicated in Fig. 1-4 (the highlighted
plane and direction). It can be seen that the K-S relations are consistent with the Bain
correspondence. Here, the slight deviation (about 5 °) in the directional relationships (that
is, < 101 > γ < 111 > α ' in K-S relations, however, < 110 > γ < 101 > α ' in N relations) is
due to the difference in the material compositions. The K-S relations were determined
using Fe-30% Ni alloys and the N relations were observed in the nickel steels with 22%
Ni and 0.8% C.
In terms of transforming by a minimum atomic movement, the Bain model is
successful in explaining the martensitic transformation. However, this theory does not
give an answer for the existence of the invariant planes (so-called “habit plane”, which
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have been observed in numerous experimental observations) which is not distorted by the
transformation. The crystallography theory of the martensitic transformation postulates
an additional distortion which occurs at the interface of the austenite and the martensite in
the form of dislocation slip or twinning (that is, an additional shear deformation of the
lattice is required to keep the habit plane undistorted). Fig. 1-5 shows how the shape
change caused by the Bain distortion can be compensated by the shear deformation
through the dislocation glide or twinning in the martensite [7]. Assume that plane 1 in Fig.
1-5(a) is the habit plane and S is the transformation shear caused by Bain distortion. Such
a shear will lead to a high elastic strain at the interface between austenite and martensite.
Fig. 1-5(b) shows that the dislocation slipping in the opposite direction to the
transformation strain can actually compensate the Bain distortion. On the other hand,
twinning can also have the same effect on reducing the transformation shear. Fig. 1-6
shows how the habit plane remains undistorted by making the austenite regions strain
along different axes and twinning in the martensite with different twin width [7]. As
shown in Fig. 1-4, the lattice contraction during the Bain distortion can occur along any
of the three principal axes. A twinned martensite plate can form if the different regions of
the initial austenite contract along different axes. Hence, the Bain distortion in one region
can be reduced by the strain in the region next to it. The self-accommodation of the large
shear deformation through twins is one of the typical features of the martensitic
transformation.
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1.1.3. Mechanically-induced martensite formation
The martensites can also form at the temperatures above Ms with the aid of stress
or plastic strain, i.e. mechanically-induced transformation [13-18]. There are two forms
of mechanically-induced transformation, stress-induced transformation and straininduced transformation. Quite often, it is not easy to tell whether the transformation is
stress- or strain-induced since stress and strain always come up together and it is
irrational to separate the effects of stress and strain absolutely. However, there is still
some criterion to follow, which will be discussed as the following.
As mentioned before, the martensite forms by the lattice deformation of the parent
austenite phase and the lattice deformation can be realized by a shear deformation. Hence,
if the applied stress (or component of the applied stress) is in the direction of the shear
deformation, the driving force required for the transformation will be reduced by part of
the mechanical work done by the applied stress and the martensite start temperature (Ms)
will be raised. The transformation start temperature which is raised by stress or plastic
strain is called Md. Md could be in the range from Ms to T0. As discussed in section 1.2,
an additional shear is necessary to complete the whole transformation, and the shear can
be dislocation slipping or twinning. Both slipping or twinning is an invariant plane strain,
that is, the atomic structure in the slipping plane or the plane on which twinning happens
is not changed during the deformation. Assume γ0 and ε0 are the shear and normal
components of the invariant plane shape strain, and τ and σn are the resolved shear and
normal stresses in the plane; then, the work done by the applied stress is W= τγ0+ σnε0
[19]. This work can help overcome the energy barrier, the energy required to overcome
the interfacial friction associated with the atomic movement. Similarly, if the applied
-6-

stress is in the opposite direction to the transformation strain, the martensite formation
will be more difficult and the driving force required for the transformation will be
increased. Fig. 1-7 is a simplified schematic about the effect of the applied stress on the
martensite formation [20]. It should be pointed out that an opposite external stress may
not always reduce the driving force for the transformation or decrease Ms due to the
multiplicity of the habit planes. If some plate is not favorably oriented for the martensite
formation, it is still possible that some other plates with different orientations are
preferred for the transformation.
In contrast to the stress-induced transformation, the strain-induced transformation
is assisted by the new nucleation sites created by the plastic deformation with dislocation
multiplication. During the plastic deformation, shear bands, such as, stacking faults, hcp
plates, twins, etc. will be produced and the martensite embryos form at the intersections
of the shear bands [21]. Olson and Cohen summarized the relationships between the
volume fraction of shear bands (f sb) and the plastic strain (ε); the number of shear band
intersections ( N vI ) and the number of shear bands ( N vsb ); the increase in martensite
embryos ( dN vα ) and the increase in shear band intersections ( dN vI ); and the volume
fraction of the martensite (f α’) and plastic strain (ε) in the following four equations [22]:

fsb = 1-exp(-αε)

[1]

where α is a constant, which is related to stacking fault energy and strain rate.

N vI = K( N vsb )n

[2]

dN vα = pdN vI

[3]

where K and n are constants.
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where p is probability that one martensite embryo can form from one shear band
intersection.

f α’ = 1-exp {-β[1-exp(-αε)]n}

[4]

where β is constant related to the volume of the α’ unit and the volume of a shear band.
This equation predicts that the curve of martensite formation with applied strain should
have a sigmoidal shape, as will be shown in Fig. 1-9.
Olson also discussed the difference between the stress-induced transformation and
strain-induced transformation [19]. Stress-induced martensite formation nucleates at the
same sites where thermally-induced transformation will occur, that is, the martensite
embryos form at the existing nucleation sites, and the morphology of the stress-induced
martensite is similar to the thermally-induced product. In contrast, the strain-induced
transformation nucleates at the new sites introduced by plastic strain as discussed in the
previous paragraph and the morphology of the strain-induced martensite is usually
different from thermally-induced product. Generally speaking, a simple way to tell the
transformation is stress-induced or strain-induced is to observe if the transformation occur
at the stress level lower (stress-induced) or higher (strain-induced) than the yielding stress.

1.1.4. Effect of martensite formation on mechanical behavior
The mechanically-induced martensite formation has a significant effect on the
mechanical behavior of the austenitic steels by increasing its hardening rate, ultimate
tensile strength, and the toughness. Fig. 1-8 shows the stress-strain curves of the 304
stainless steel tested at different temperatures and Fig. 1-9 shows the amount of the
strain-induced martensite formation at various testing temperatures [19, 21, 23-24]. At a
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given strain, the amount of martensite formation increases with the temperature
decreasing, that is, the transformation rate is higher at low temperatures. At lower
temperature, the driving force (under-cooling) for the transformation is larger, and,
therefore, the probability that the martensite embryos form at the new nucleation sites
created by the plastic strain is larger. This trend is more obvious at low applied strains
and, the shape changes of the stress-strain curves reflect the effect of the transformation
rate. With the temperature decreasing, strong strain hardening (after the plateau stage)
due to the newly-formed martensite can be observed and as a result, the ultimate tensile
strength is greatly improved while the ductility is reduced. Another feature of the low
temperature stress-strain curves is that there is a plateau on the curve, which is caused by
the rapid martensite formation and the shape strain (shear and volume strains) that
accompanies the transformation.

1.1.5. Transformation induced plasticity (TRIP)
The transformation caused by plastic strain is called strain-induced transformation.
The phenomenon that the ductility of the steels can be substantially improved by the
strain-induced phase transformation is called transformation-induced plasticity (TRIP),
and steels which exhibit such a transformation are termed TRIP steels. Due to the
complexity of the TRIP-aided deformation behavior, a lot of efforts have been made
during

the

past

several

decades

to

get

a

better

understanding

of

the

deformation/transformation mechanisms [25-36].
TRIP phenomenon has an important influence on the mechanical behavior of
multiphase steels. As mentioned above, the most significant feature of the TRIP behavior
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is the improvement of the ductility. Fig. 1-10 shows the deformation behavior of a
commercial low-alloyed TRIP steel [37]. These two samples (15 CrNi 6 TRIP and 15
CrNi 6 DP) have the same composition (1.6wt.% Cr, 1.5wt.% Ni, and 0.16wt.% C).
However, after sophisticated thermal mechanical treatment (cold rolling, annealing, and
quenching), the microstructures of these two samples are different. The 15 CrNi 5 TRIP
sample has about 10% transformable retained austenite in addition to bainite and ferrite
and the 15 CrNi 5 DP (DP: dual-phase) sample contains ferrite and martensite, but no
retained austenite. Figure 1-10 clearly shows that the transformable sample has a much
larger uniform elongation. No austenite is detected after the deformation. So, the
improved ductility is attributed to the austenite to martensite transformation. However,
the yield strength is also significantly reduced. A better strength-ductility balance may be
obtained by adjusting the retained austenite content.
There are two mechanisms which are generally accepted to explain the TRIP
phenomenon, Greenwood-Johnson effect [26] and Magee effect [27]. The GreenwoodJohnson effect describes the accommodation process of the transformation strain
resulting from the expansion of the martensite phase by an additional plastic strain in the
austenite phase. That is, the volume difference between the martensite and the austenite
will lead to a microscopic plasticity in the transformation region and the surrounding
matrix, and a macroscopic plastic strain will be necessary to accommodate this process
when an external load is applied. However, the Greenwood-Johnson effect only considers
the volume difference between the parent and the product phase, and therefore, it can not
tell the difference of displacive transformation from the diffusive transformation. As
discussed in section 1.2, an additional shear deformation is necessary to describe the
- 10 -

whole martensitic transformation and the contribution of the transformation shear to the
macroscopic strain could be up to 20% (volume strain could be up to 4%) [36]. On the
other hand, due to the complexity of the TRIP behavior, computational modeling is often
adopted to extract the information from the experimental observations. One frequently
cited model is provided by Leblond [38-39] in 1989. Leblond revised Greenwood and
Johnson’s model and proposed that the transformation strain ( E xxtp ) in the direction of
loading (x-loading direction) should be in the form

E xxtp = K ∑ xx φ ( z )
where K is a constant, ∑ xx is the applied stress, and φ ( z ) is a function related to the
evolving volume fraction of the product phase. Again, the disadvantage of the
computational works is that these models usually assume that the Magee effect, which
will be reviewed and discussed in next paragraph, is negligible. This assumption seems
reasonable for the ferritic and bainitic transformation (involving small shape strain), but
not quite valid for martensitic transformation (large shear strain involved in this case).
Bhadeshia [40] suggests that the TRIP effect is exaggerated, which could also be due to
the ignorance of the Magee effect in his model.
The second mechanism, on which recent theoretical developments of TRIP
phenomenon are based, is the Magee Mechanism. The Magee effect states that there are
24 possible martensite variants (defined by 24 different combinations of shear planes and
shear directions) during the martensitic transformation, each variant has different lattice
orientation, and selected martensite variants will be developed under applied load. That is,
when a martensitic transformation takes place, the newly-formed martensite plates will be
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aligned with preferred orientations by the applied load. For thermally-induced martensitic
transformation, the sum of the transformation shear of the 24 variants will be zero due to
the randomness of the variants development. However, when an external load is applied,
some variants with the shear deformation in the same direction as the applied load (as
indicated in Fig. 1-7) will be developed first and the transformation shear will contribute
to the macroscopic plasticity. If we revisit Fig. 1-8, it can be seen that, at low
temperatures (e.g., -80°C), there is a plateau on the stress-strain curve followed by a
significant increase in strain hardening rate. This phenomenon is a result of variant
selection. At the plateau stage, the transformation is identified as the dominant
deformation mode [21, 23]. The easiest variants develop first and due to the large driving
force (undercooling), the transformation rate is also high. Due to the shape strain
accompanying the preferred variants formation and rapid increase in the martensite
volume fraction, the plateau appears. The obvious strain hardening after the plateau is
caused by the deformation of the martensite and the hard-to-form variants development.
Generally speaking, to get a complete understanding of the TRIP behavior, we
need to consider both Greenwood-Johnson and Magee effect. However, in some specific
cases, these two effects may be involved in with a different degree of importance. In this
thesis, the Magee effect, i.e., variant selection will be more emphasized since the
preferential phase transformation plays an important role in the transformation texture
and strain development.
Tamura et al. [41-42] investigated the TRIP phenomenon of an Fe-29%Ni0.26%C alloy, which can partially serve as an example to further illustrate the two effects
mentioned above. Fig. 1-11a shows the effect of deformation temperature on the
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martensite formation [42]. The martensite starts to appear at Md (martensite start
temperature under external load or deformation, see section 1.3) and the phase fraction
after tests increases with the temperature decreasing. Fig. 1-11b shows the elongation and
the tensile strength at various deformation temperatures [42]. It can be seen that the
elongation increases after the Md is reached and decreases when the temperature is lower
than about 10°C. The temperature dependence of the elongation can be explained by the
variant selection. At the temperatures slightly lower than Md, martensite variants which
can contribute to the specimen elongation will develop preferentially (Magee effect) and
part of the specimen elongation is to accommodate the shape strain caused by martensite
formation (Greenwood-Johnson effect). In addition, the suppression of the necking and
the suppression of the initiation of the microcracks because of the martensite formation
will also contribute to the elongation of the specimen. With further cooling, a large
driving force is available for the transformation. Martensite variants with different
orientation can form and the randomized selection of the variants will reduce the total
elongation.

1.2.

Texture

1.2.1. Introduction
A polycrystalline material consists of an aggregate of crystal grains. The term of
“texture” is usually used to describe the degree of the non-random distribution of the
crystallographic orientations of such crystal grains. If the crystallographic orientations of
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the grains in a sample are random, then, it has a random texture. If the grain orientations
have some preferred direction, then, the sample is said to be textured, which is the case
for most polycrystalline materials. The texture can form during the material preparation
(e.g., rolling, extrusion, forging, etc.) and the subsequent deformation processes (e.g.,
tension, compression, torsion, etc.). On the other hand, the texture can also be removed
by heat treatment or changed by recrystallization, phase transformation, etc.
Texture has a profound effect on the material physical properties (e.g., electrical
conductivity and wave propagation) and mechanical properties (e.g., strength, ductility,
and failure modes). The effect of the texture is particularly reflected on the anisotropic
properties of the materials. Taking a single crystal as an example, its properties vary from
one direction to another (e.g., the elastic modulus along different [hkl] directions (Ehkl) is
different).

1.2.2. Representation of texture
It is quite complicated to represent the crystallographic texture since three
dimensional distribution of the grain orientations need to be describe. Pole figures,
inverse pole figures, and orientation distribution function (ODF) are usually used to
represent the texture. Pole figure is constructed based on the stereographic projection, as
shown in Fig. 1-12 [43]. Taking {100} planes of one unit cell as an example, the normal
vectors of {100} planes intersect with the unit sphere (points 1, 2, and 3). Connecting
points 1, 2, and 3 to the south pole yields another three points intersecting with the
equatorial plane, which are so-called 100 poles. 100 poles uniquely represent the
orientation distribution of the {100} plane.
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Pole figures are constructed by projecting the crystal vectors to the selected
sample ordinates. In a similar way, the distribution of the sample frames can also be
constructed relative to the crystal axes, which generates the inverse pole figure. Fig. 1-13
is an example of the inverse pole figure, which shows the compression axis (a) and
extension axis (b) distribution relative to the crystal ordinates [44].
Pole figures are used to represent the 3D space in 2D plane and therefore we may
lose some spatial information. To get a real 3D representation of the grain orientation, we
need to use orientation distribution function (ODF). Fig. 1-14 shows the sample
orientation distribution (SOD) of a 304L stainless steel sample. SOD is a three
dimensional representation of the sample frames relative to the crystal axes [45]. The
orientation of the sample frame is determined by three Euler angles (φ2, Φ, φ1) which
consist of Euler space. In another word, the orientation relationship between the crystal
and the sample frames is described by Euler angles. Fig. 1-15 [46] schematically shows
how the orientation of the sample coordinate can be described by three Euler angles. Here,
(X, Y, Z) represents the crystal coordinate and (x(1), y(1), z(1)) represents the sample
coordinate. Assume that both coordinates coincide at the beginning, Fig. 1-15(a). The
first rotation of the sample coordinate relative to the crystal coordinate is about z(1) axis
through an angle φ2. Now, the sample coordinate goes to the position (x(2), y(2), z(2)), as
indicated by Fig. 1-15(b). The second rotation is about y(2) axis through the angle Φ, and
then, the sample coordinate is denoted as (x(3), y(3), z(3)), Fig. 1-15(c). The third
rotation is about z(3) through the angle φ1, and the sample coordinate is finally identified
as (x, y, z), Fig. 1-15(d). From the description above, it is seen that any orientation of the
sample frame in the crystal coordinate can be achieved through three rotations, i.e. three
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Euler angles (φ2, Φ, φ1). Fig. 1-16 shows how the sample orientation distribution can be
constructed from the Euler space [43]. Fig. 1-16(a) is the Euler space defined by (φ2, Φ,
φ1). The Euler space is then sliced along the φ1 direction with 5° (or 10°) interval. The
SOD is constructed by arranging the sections side by side and each section corresponds to
a fixed φ1. It should be noted that one SOD only represents one axis of the sample frame
(e.g., z-axis or loading direction). In Fig.1-14, SOD is plotted at constant φ1’s (10°
increment for each section) and in each section, φ2 is read from 010 toward 100 and Φ is
read from 010 toward 001. The last unit is the average of the sections which describes the
distribution of the loading direction relative to the crystal axes. From Fig. 1-14, it is
obvious that there are two components of the tension texture, one around <111> and the
other around <100>.

1.2.3. Measurement of texture
A quantitative measurement of the orientation is required to describe the texture.
Diffraction methods have been widely used to measure the preferred orientations, such as,
X-ray diffraction (including synchrotron X-ray), neutron diffraction, electron diffraction
(Transmission Electron Microscope, Scanning Electron Microscope, and Electron Back
Scattering Diffraction). Here, x-ray and neutron diffraction will be briefly introduced.

X-ray diffraction: Fig. 1-17 is a schematic of an X-ray pole-figure goniometer
[45]. According to the Bragg law, 2dhklsinθ=nλ, the detector is set to a proper 2θ angle for
a given hkl lattice plane. Then, the sample is rotated to put the hkl lattice plane in the
diffracting position. The collected intensity will be proportional to the volume fraction of
the grains with the hkl plane in the reflection position. By the sample rotation and tilt (φ,
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ψ), the spatial orientation distribution of the given hkl plane can be recorded and a
specific pole figure can be generated.

Neutron diffraction: Fig. 1-18 schematically shows the HIPPO (High Pressure
Preferred Orientation) diffractometer at Los Alamos Neutron Science Center (LANSCE).
The HIPPO diffractometer is specially designed for the spatial texture measurement. Due
to the multidetector capability and the deep penetration of neutrons into the material,
HIPPO is an ideal tool for bulk texture measurements [47-48]. As shown in Fig. 1-18
[47], the HIPPO diffractometer is equipped with 50 detector panels positioned on 5 rings
at the different diffraction angles of 150°, 90°, 40°, 20°, and 10°. Each detector views a
set of differently oriented crystals. To improve the pole figure coverage, diffraction
spectra can be measured in four different sample orientations by rotating the sample
around the loading axis. The pole figures and orientation distribution function can be
extracted from the simultaneous Rietveld refinement of 99 diffraction spectra.

1.2.4. Deformation textures of fcc, bcc, and hcp structures
The easiest slip system for fcc material is {111}<110>. Due to the dislocation
movement in the slip system, a lattice rotation is required to maintain the compatibility
between grains. Hence, the deformation texture forms. Typically, <111> and <100>
textures will develop during the extension deformation of the fcc materials and <110>
texture during the compression deformation, as can be seen in Fig. 1-13 [44].
For bcc materials, the slip system is {110}<111>, which is a transposition of the
slip plane and the slip direction with respect to fcc. Hence, the texture developed during
the deformation is opposite to that of fcc materials, that is, the bcc compression texture is
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similar to the extension texture of fcc. Fig. 1-19 shows the inverse pole figures of the
tantalum after rolling (a) and extension deformation (b) [45]. It can be seen that after an
extension strain of 0.6, a <110> texture was developed in the bcc tantalum (here, the
rolling direction coincides with the tension axis) [45].
The hcp materials have a primary slip system of (0001) < 1120 > or

(1010) < 1120 > , depending on the c/a ratio. The hcp texture development is closely
related to the deformation types. Fig. 1-20 shows the inverse pole figures of the Ti
(usually slips on the (1010) prism plane) after extrusion (a) and forging and rolling (b)
[45]. After the extrusion deformation, the material shows a fiber texture in the < 1010 >
direction and after forging and rolling, a fiber texture with the maximum at about 25° to
the <0001> direction was observed [45].

1.2.5. Transformation texture
Under the applied stress/strain or temperature changes, some materials may
undergo phase transformation. The texture of the parent phase may affect the product
phase. Also, due to the orientation relationship between the parent and the product phases,
sometimes, there is an interesting relationship between the textures of the parent and
product phases. Fig. 1-21 shows the pole figures of the low carbon Fe at three different
temperatures [44]. At 800°C (a), Fe has a bcc structure, and at 950°C (b), it transforms to
the fcc structure. It is observed that the bcc 111 pole figure is similar to the fcc 110,
showing the Kurdjumov-Sachs relationship. After cooling back to 400°C, the bcc pole
figures are similar to the initial one. However, in many cases, the real situation is much
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more complicated due to the multiplicity of the equivalent variants and the preferred
variant selection. In some cases, the transformation texture and the deformation texture
may interact with each other and make it even more difficult to predict the texture of the
product phase. Proper texture measurements and microstructure study are needed to
understand the transformation texture.

1.3.

Grain refinement

1.3.1. Hall-Petch relationship
It is well known that the strength of polycrystalline materials follows the HallPetch relationship which can be expressed with the empirical formula,
σy=σ0+kD-1/2

(1-2)

where σy is the yield stress, σ0 and k are constants for a given material, and D is the mean
grain size [49]. According to the Hall-Patch equation, the decrease in grain size results in
increased yield strength. The effect of grain size on the yield stress can be explained by
dislocation motion within a crystal. The dislocations start to move under an applied stress
and will be impeded by the grain boundaries. Then, the dislocations, which pile up at the
grain boundaries, will cause a stress to be generated in the neighboring grain. When the
stress reaches a critical value, a new dislocation source will operate in the neighboring
grain and the yielding process propagate from one grain to another. The grain size
determines the number of dislocations which can pile up at the grain boundary. With
larger grain size, more dislocations pile up and a higher stress concentration will be
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generated in the neighboring grain. As a result, a lower applied stress is required to
activate the new source. For the same reason, a higher applied stress will be necessary to
operate the new source with a smaller grain size.

1.3.2. Techniques of grain refinement
Grain refinement is technically attractive for the production of stronger materials.
There are various methods available to fabricate fine grained structure and one of the
most frequently used is the technique involving severe plastic deformation (SPD), which
includes cold/hot rolling, equal channel angular pressing (ECAP), high pressure torsion,
accumulative roll bonding, etc. [50-53]. The recent development of the SPD techniques
pushes grain refinements to the nanoscale [54-57]. Fig. 1-22 gives an example of the SPD
technique, the equal channel angular pressing (ECAP) [58]. The tool consists of two
intersecting channels with same cross section and the straining is achieved by pressing
the ingot through these two channels. After multiple passes of ECAP processing, the
grain size can be refined down to 200 – 300 nm, as shown in the microstructure of the
copper, Fig. 1-22b.

1.3.3. Effects of grain refinement on mechanical properties
Grain refinement results in marked strengthening following the Hall-Petch
relationship. However, the high yield strength is usually achieved at the expense of the
ductility as there is little uniform elongation after yielding due to the lack of strain
hardening. Strain localization leading to necking follows the peak in the stress-strain
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curves as indicated in Fig.1-23, which shows the nominal stress-strain curves of bulk iron
with different grain sizes [59]. From Hart’s instability criterion [60],
1 ∂σ
( ) • −1+ m ≤ 0
σ ∂ε ε
where σ and ε are the true strain and true stress, m is a constant which describes the strain
rate sensitivity of the material, it is indicated that, for a material with high yield stress
(e.g., nano- or ultra fine grained materials), it is necessary for a large strain hardening to
be present to maintain the uniform elongation before the localized deformation that leads
to necking and the final failure of the material.
The strain hardening process is usually realized by the accumulation and
interaction of the dislocations. The ultra-fine grained (UFG) metals processed by SPD
techniques usually have a high initial dislocation density which is introduced during the
processing of the material through the severe deformation. Therefore, the saturation of
the dislocation density results in very low strain hardening rate [61].

1.4.

Neutron diffraction as a tool
Neutron diffraction provides similar structural information as electron diffraction

and X-ray diffraction. However, in the field of materials science, the feature that makes
neutron more useful is that it can penetrate into most crystalline materials much deeper
than X-ray (cm vs. µm) due to its neutrality (no electric charge). Therefore, neutron
diffraction allows the probing from the interior of the materials and provides the
information of the bulk. Compared with X-ray, neutrons have some other unique
features/capabilities, e.g., neutrons have a magnetic moment, and neutron scattering
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lengths for the neighboring elements on the periodic table are quite different. However,
these features are less relevant in this thesis.
Because of the deep penetration capability, neutron diffraction is useful for
measurements of internal elastic strains in polycrystalline materials [62-67]. Recently,
phase stresses in multiphase materials like composites, as well as the distributions of the
residual strains [68-69], have been investigated by neutron diffraction. Regarding the
research work to be presented in this thesis, neutron diffraction proves to be an ideal tool
for the study of strain-induced martensitic transformation since it can give independent
information for each phase in multiphase materials. It allows the partitioning of
stress/strain between phases and between grain families to be determined and the volume
fraction of each phase to be resolved during the deformation of the bulk material. In
addition to the determination of the internal stress, the neutron method gives information
on the evolving texture of the material, and thus the preferred martensite variants which
develop under loading.
The neutron diffraction pattern is usually analyzed by Rietveld structure
refinement, using General Structure Analysis Systems (GSAS) package [70], which will
be discussed in more details in the experiment part. The analysis of neutron diffraction
profiles can provide some useful microstructural parameters, such as lattice strain (εhkl),
phase fraction, and texture information:
Lattice strain: The determination of the lattice strain (εhkl) is based on the
measurement of small angular displacement of diffraction peaks caused by small
variation in lattice plane spacing and it can be calculated using the simple equation below:
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ε hkl

0
d hkl − d hkl
=
0
d hkl

0
where dhkl is the d-spacing of the diffracted plane under stress and temperature, and d hkl

is the lattice plane spacing before loading. The measured strains can then be converted to
stresses if suitable elastic moduli are available.
Phase fraction: The diffraction pattern of a multiphase material is a weighted sum
of the diffraction patterns of each phase presented in the mixture. The whole diffraction
pattern of each phase is fitted and weighted by Rietveld refinement and the weight
fraction of each phase (wi) is calculated using the refined scale factors based on the
equation:
wi =

S i M iVi
∑ S j M jV j
j

where Si is the refined scale factor of ith phase, Mi and Vi are the unit cell mass and
volume, respectively.
Texture: The texture measurement using neutron diffraction is presented in
section 2.3. During the measurement, the intensity of each peak is recorded and due to the
multidetector capability of HIPPO diffractometer, the spatial distribution of the peak
intensity can be determined. Since the peak intensity is proportional to the amount of the
crystals in a certain direction (satisfy the Bragg condition), the crystal distribution
(texture) can then be determined from the intensity information.
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Appendix

T
Figure 1-1. Schematic of the Gibbs free energies of γ and α’ phases vs. temperature.

∆G γ →α ' is the driving force for the transformation [7].
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Figure 1-2. The growth of the α’ martensite plates in the austenite grains [7].
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Figure 1-3. Mechanism of the fcc to hcp transformation. The shifting of every two

adjoining fcc (111) planes can cause the structure change from fcc to hcp [8].
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Figure 1-4. Bain distortion for the fcc to bcc transformation [11].
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bcc

Figure 1-5. Schematic of the deformation during the martensitic transformation. (a) the

lattice deformation caused by the Bain distortion; The strain can be reduced by (b) a
shear deformation through the dislocation glide or (c) twinning in the martensite [7].
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Figure 1-6. Martensite habit plane remains unrotated and undistorted by twinning in the

martensite [7].
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Figure 1-7. Effect of stress on the martensite formation [20]
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Figure 1-8. Engineering stress-strain curves of 304 stainless steel measured at different

temperatures with a strain rate of 1.5×10-2s-1 [19, 21, 23-24].
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Figure 1-9. The martensite volume fraction evolution of 304 stainless steel as a function

of strain at different testing temperatures [19, 21, 23-24].
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Figure 1-10. The stress – strain curves of a low alloyed TRIP steel. The TRIP sample has

transforming retained austenite and the other sample does not [37].
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(a)

(b)
Figure 1-11. TRIP behavior of Fe-29%Ni-0.26%C alloy. (a). Effect of deformation

temperature on the martensite formation; (b). Effect of deformation temperature on the
elongation and strength [42].
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Figure 1-12. Schematic of the pole figure construction [43].
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Copper

Gold wire

Figure 1-13. Inverse pole figures of the deformation texture of the fcc materials: (a).

Copper with 68% compressive strain; (b). Gold wire made by drawing (extension texture)
[44].
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Figure 1-14. Sample orientation distribution (SOD) of a 304L stainless steel sample

made by extrusion.
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Figure 1-15. Illustration of the rotation of the sample coordinate relative to the crystal

coordinate by three Euler angles [46].
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Figure 1-16. Schematic of the construction of the sample orientation construction from

the Euler space [43].
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Figure 1-17. Schematic of a pole figure goniometer [45].
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Figure 1-18. Schematic of the HIPPO neutron diffractometer [47-48]
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Figure 1-19. Inverse pole figures of the tantalum after rolling (a) and extension

deformation (b). Here, the rolling direction in (a) coincides with the tension axis in (b)
[45].
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Texture after extrusion

Texture after forging
and rolling

Figure 1-20. Inverse pole figures of the Ti after extrusion (a) and forging and rolling (b)

[45].

- 47 -

bcc

fcc

bcc

Figure 1-21. Pole figures of the low carbon Fe at three different temperatures: (a). 800°C;

(b). 950°C; (c). 400°C, showing the texture changes during the transformation [44].
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(b)

(a)

Figure 1-22. (a). Schematic of equal channel angular pressing (ECAP) and (b).

microstructure of copper processed by ECAP [58].
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Figure 1-23. Nominal stress-strain curves of bulk iron with different grain size [59].
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Part II:

Strain-induced Martensite Formation and Its
Deformation Behavior in a 304L Stainless Steel at
300K and 203K
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2.2 .

Introduction
The austenitic stainless steels have a metastable face-centered cubic (γ) structure.

Upon cooling below the martensite starting temperature (Ms), the martensitic
transformation occurs. With the aid of the plastic strain, the transformation may happen
at temperatures higher than Ms. The deformation-induced martensitic transformation in
304 austenitic stainless steel has been extensively studied and the newly-forming
martensite phases have hexagonal-close-packed (ε) and body-centered-cubic (α')
structures. The formation of martensitic phases can significantly affect the mechanical
properties of stainless steel by increasing its hardening, ultimate tensile strength, and the
toughness. However, the micro-mechanism regarding the mechanical interactions
between the austenite and martensite still remains unclear.
In situ time-of-flight neutron diffraction is performed to investigate the
martensitic phase transformation during quasi-static uniaxial compression testing of 304L
stainless steel at 300K and 203K. In-situ neutron diffraction enabled the bulk
measurement of the lattice strain and intensity evolutions for specific hkl atomic planes
during the austenite (fcc) to martensite (hcp and bcc) phase transformation. In addition,
the phase fraction evolution of austenite and martensite can also be determined and the
relationship between the deformation behavior and martensite formation can be
investigated.
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2.2.

Experiment details
The material chosen for the study is commercial 304L stainless steel (0.03 C, 2.0

Mg, 0.045 P, 0.03 S, 1.0 Si, 18 -20 Cr, 8-12 Ni, and balance Fe in wt%) supplied by
Carpenter Technology Corporation. The material was fabricated by cold drawing,
annealed at 1010°C, and finally water quenched. Initially, the material has a single
austenitic phase and very slight extrusion texture. The low carbon content makes the
material more sensitive to the strain-induced transformation. Cylindrical compression
testing specimens were machined with 10 mm in diameter and 24 mm in length.
The in situ uniaxial compression tests were performed at 300K and 203K using
the newly established cryogenic loading capability on the SMARTS diffractometer at Los
Alamos Neutron Science Center [1-2]. Fig. 2-1 is the schematic view of the structure of
the SMARTS diffractometer (SMARTS stands for Spectrometer for Materials Research
at Temperature and Stress).
Fig. 2-2 shows the setup of this experiment. The sample was oriented with 45° to
the incident neutron beam and there are two detector panels, measuring the axial and the
transverse lattice strain (the axial detector is not visible in this picture). The inset shows
the sample installation in the cryogenic chamber. Fig. 2-3 shows the cryogenic chamber
with the sample installed. Liquid nitrogen circulates in the copper tubes to cool down the
compression platens which are in intimate contact with the sample. One thermocouple is
attached to each compression platen to monitor sample temperature and resistive heaters
are bonded to the platens to provide temperature control. In test runs (without diffraction),
a thermocouple was also in contact with the sample to assess any temperature gradient
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between platens and the sample. After equilibration, the temperature difference between
the sample and platens was not significant (around 2°).
Fig. 2-4 shows the schematic of the scattering geometry. The compression axis is
oriented 45° relative to the incident beam with the scattering angle fixed at 2θ = ±90 0 for
two detector banks. The instrument geometry defines the scattering vectors parallel (axial)
and perpendicular (transverse) to the loading direction of the specimen. This scattering
geometry allows the simultaneous measurements of the lattice strains and changes in the
diffraction peak intensities parallel and perpendicular to the loading axis.

2.3 .

Rietveld refinement of neutron diffraction pattern
For a time-of-flight neutron source (spallation source), the neutrons have a broad

wavelength (i.e. velocity) distribution. The incident beam is reflected by the sample and
the diffraction spectra are recorded by measuring the neutron flight time. The d-spacing
can then be easily calculated from the flight time. Each spectrum records the reflections
from different grain families which are oriented with specific atomic planes diffracting
into the same detector.
Fig. 2-5 shows a typical diffraction pattern of 304L stainless steel without
deformation. The whole pattern is analyzed by Rietveld structure refinement using
General Structure Analysis Systems (GSAS) package [3]. In Rietveld method, the useful
parameters (e.g. lattice parameter) are determined by minimizing the difference between
the predicted and the measured spectrum. In Fig. 2-5, the red crosses are the measured
data points and the green line is the result of Rietveld fit. The tickmarks show the

- 54 -

predicted peak positions by Rietveld refinement and the line at the bottom gives the error
of the analysis, i.e. the difference between the Rietveld fit and the measured data. In this
o

case, the predicted lattice parameter is 3.596 Α .

2.4.

Macroscopic compression behaviors at 300K and 203K
Fig. 2-6 shows the compressive stress-strain curves measured at 300K and 203K

(Nominal load of -20 MPa was used as the stress-free reference). Due to the experiment
setup, it is difficult to attach the extensometer to the sample. So, what can be measured is
the displacement of the compression platen and the stress is plotted against the plastic
strain to avoid the possible influence from the instrument. With the repeated loading and
unloading, the tests were run until failure (buckling). During the deformation, the sample
buckling was observed much earlier at 300K than at 203K. So, these two samples were
not loaded to the same train level. The serrations are due to the stress relaxation when
holding at constant position for neutron data collection. At 203K, a higher yield stress
(612MPa at 203K; 525MPa at 300K) and strain hardening rate are observed. Since the
strain hardening rate of the materials with fcc structure is not so sensitive to the
temperature change, it is believed that the increase of the strain hardening rate at 203K is
caused by the martensite formation.

2.5 .

Overview of martensitic phase transformation
During the in situ measurements, the neutron diffraction spectra were acquired at

strain increments of 0.2% in the elastic region and 0.4% after yielding. The count time
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was 12 minutes for each pattern. The samples were held in position control while neutron
data were collected and quasi-statically (1.7×10-5/s) loaded between collection intervals.
Fig. 2-7 presents the diffraction patterns before and after room temperature (300K)
deformation (9.5% plastic strain) in both axial (a) and transverse (b) directions for a
qualitative comparison. The dashed line (in both figures) is the spectrum before
deformation, which is a typical pattern of an fcc material. However a small amount of
hcp phase is initially apparent in the transverse detector, presumably due to the
deformation during processing of the material. There is a small pre-existing hcp ( 10 1 0 )
peak in the diffraction pattern (transverse only) before deformation, which did not grow
during the deformation at 300K. This peak does not show up in the axial diffraction
pattern, implying that the pre-existing hcp phase is textured. The solid line (in both
figures) is the diffraction pattern after 9.5% plastic strain, showing no additional
martensite formation. Note that the diffraction patterns of the undeformed specimen
(dashed lines) are plotted with a slight offset towards the left-hand side and downward for
clarity. The relative changes in the intensities of the diffraction peaks are due to the grain
rotation associated with the dislocation slip on the {111}<110> system. For example,
decrease in axial (111) and increase in axial (220) intensities are the typical texture
evolution during uniaxial compression tests of fcc materials [4].
Fig. 2-8 shows the diffraction patterns before and after the deformation (14%
plastic strain) at 203K for both axial (a) and transverse (b) directions. The dashed line (in
both figures) is the diffraction pattern acquired after cooling to 203K but before
deformation. No new martensite peaks appear upon cooling and also, the pre-existing hcp
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( 10 1 0 ) peak did not grow, indicating that the cooling did not initiate the martensite
formation. The solid line (in both figures) is the diffraction pattern after 14% strain (Note
that the diffraction patterns are not offset in this case.). A number of new peaks consistent
with the hcp and bcc phases of iron appear during deformation. The intensity of the preexisting hcp ( 10 1 0 ) peak in the transverse direction increased during the deformation at
203K.
The intensities of the parent fcc (111) and (200) peaks in the axial direction
decrease significantly after the deformation at 203K. The evolution of the intensities of
these two peaks during the compressive loading is shown in Fig. 2-9. The fcc (111)
intensity decreases dramatically in the axial direction while it remains almost unchanged
in the transverse direction. The fcc (200) peak intensity reduced in both directions, but it
is much more evident in the axial direction. Also, it can be seen in Fig. 2-9 that the hcp
( 10 1 0 ) peak only appears and increases in the transverse direction, indicating that the
newly-forming hcp phase is textured.
There are two factors that may contribute to peak intensity changes. One is the
grain rotation, i.e. the texture evolution during plastic deformation, and the other is the
selective phase transformation, i.e., the grain families with specific orientations being
preferred for transformation. In the current case, the fcc (111) intensity change seems
associated with the fcc to hcp transformation, and the fcc (200) intensity reduction is
related to fcc to bcc transformation.
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2.6.

Grain orientation dependent phase transformation

2.6.1. Fcc to bcc transformation
Fig. 2-10 shows the intensity evolution of fcc (200) peak in the axial direction
during the deformation at 300K and 203K. At 300K, fcc (200) peak weakens, which is
due to the grain rotation since no transformation was observed, that is, the grains with
(200) plane normal parallel to the loading direction rotate away from the diffracting
position. However, at the same strain level, fcc (200) peak weakens much more at 203K.
The significant intensity decrease of the fcc (200) peak in the axial direction
during the deformation at 203K indicates that the austenite grain family with the (200)
plane normal parallel to the loading direction is preferentially consumed in the fcc to bcc
transformation. According to Bain’s model, a bcc lattice can be generated from fcc lattice
by a compression along one principal axis and a simultaneous expansion along the other
two axes perpendicular to it. Fig. 2-11 presents a schematic of Bain distortion for fcc to
bcc transformation [5]. For the fcc crystals which are in uniaxial compression with (200)
plane normal parallel to the loading axis, after the transformation, the (200) plane normal
of the newly-formed bcc crystals will be parallel to the loading direction and this plane
will diffract into the axial detector. Due to the scattering geometry used in this
experiment, all of the reflections from bcc {200} planes, which have their plane normal
parallel to the loading axis, will diffract to the axial detector. However, only a fraction of
the reflections from bcc {200} planes with their plane normal perpendicular to the
loading axis will diffract to the transverse detector. This is consistent with the fact that
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the bcc (200) peak in the axial direction is much stronger than that in the transverse
direction. Fig. 2-12 shows the intensity evolution of bcc (200) peak in the axial and the
transverse direction. After the bcc (200) peak is first observed at about 3.6% plastic strain,
its axial and transverse intensities increase significantly. However, the axial intensity
increases much faster than that in the transverse direction.
Furthermore, the bcc (011) plane normal, as suggested in Fig. 2-11, should be
perpendicular to the loading dirction after transformtion. Thereby, it is more likely for the
bcc (011) plane to diffract to the transverse detector and it is verified by the fact that
stronger bcc (110) peak shows up in the transverse bank, which can be visualized by
comparing the axial and transverse diffraction patterns after deformation in Fig. 2-8.
However, it should be noted that the Bain distortion alone is not sufficient to fully
explain the fcc to bcc transformation. Instead, a simple shear and a rigid body rotation
must also be included to maintain undistorted and unrotated habit plane and to relieve the
internal stresses caused by the lattice deformation [6]. The simple shear (in the form of
slip or twinning) is a lattice invariant deformation, and, after the shear deformation, the
bcc (200) plane normal will still be parallel to the loading direction. In contrast, the rigid
body rotation does change the (200) plane from its initial position. However, the angle by
which the (200) plane normal deviates from the loading direction as a result of such
rotation is relatively small (about 6°~7°, calculated based on the Wechsler-LiebermanRead Method [6]). The detection range of the “axial detector” at SMARTS is about ±10°
from the axial loading direction. So, the reflection from the bcc (200) plane can still be
collected after the rotation.

- 59 -

2.6.2. Fcc to hcp transformation
Both fcc and hcp crystals have a close-packed structure. Their primary difference
is the stacking sequence of the close-packed planes. For the fcc structure, the closepacked planes {111} are stacked on a sequence of ABCABC… as shown in Fig. 2-13,
which schematically shows how the fcc structure can be converted to the hcp structure by
the dislocation decomposition. The vector b1=(a0/2) [110] is one of the slip directions.
However, this slip is not energetically favorable. The same shear process can be
accomplished by a two-step slip, b2+b3, which causes the perfect dislocation (b1)
decomposed into two partial dislocations (b2 and b3) and a stacking faulted region in the
fcc structure. This faulted region actually has an hcp structure with ABAB… stacking
sequence. Fig. 2-14 is a TEM bright field image of the stacking faults formed after14%
plastic strain in 304L stainless steel at 203K. As already shown in Fig. 1-3, the fcc to hcp
transformation can be finally realized by successive shifting of every two neighbouring
fcc (111) planes in the [11 2 ] direction by a distance of a 0 / 6 [7]. By the process of the

fcc (111) plane shifting, it is indicated that the hcp (0001) planes are parallel to the fcc
(111) planes and the hcp ( 10 1 0 ) planes should be perpendicular to the fcc (111) planes.
Therefore, the distribution of the hcp (0001) normals provides information on the
orientation, along which the fcc to hcp transformation occurs preferentially.
The intensity evolution of the hcp ( 10 1 0 ) peak in the transverse direction at
300K and 203K (Note that hcp ( 10 1 0 ) peak did not show up in the axial direction.)
provides indications on the preferential fcc to hcp transformations. As shown in Fig. 215, the intensity of the pre-existing hcp ( 10 1 0 ) peak remains constant during the
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deformation at 300K, indicating no transformation occurrence. In contrast to the
deformation at 300K, the pre-existing hcp ( 10 1 0 ) peak increases almost linearly above
the elastic limit (500MPa, i.e., the start of the plastic deformation) during the deformation
at 203K.
As mentioned, the hcp ( 10 1 0 ) peak only appears in the transverse direction,
which implies that the newly-formed hcp crystal could be oriented with the (0001) plane
normal parallel to the loading direction and the ( 10 1 0 ) plane normal perpendicular to the
loading direction, as illustrated in Fig. 2-16, which shows the grain orientation of newlyformed hcp lattice. Hence, the reflection from the ( 10 1 0 ) plane only shows up at the
transverse detector. The hcp (0002) peak should appear in the axial bank, but it is
unresolvable in the axial diffraction pattern due to the overlapping with the strong fcc
(111) peak. Since the hcp (0001) planes are parallel to the fcc (111) planes, the newlyformed hcp phase should come from the transformation of the fcc grain family with (111)
plane normal parallel to the loading direction. However, it should be noted that there is a
possibility that the fcc (111) plane normal of the transforming grain sets may be at an
angle to the loading direction at the time of transformation and subsequently, the (0001)
plane normal of the newly formed hcp phase appears (i.e., diffracts) into the axial
detector via a grain rotation and accordingly, the ( 10 1 0 ) plane will appear into the
transverse detector. Such behavior would produce a similar observation but could not be
confirmed in situ using the current scattering geometry (i.e., observing only 2θ of ±90º).
Also, it should be noted that if the hcp ( 10 1 0 ) plane normal is perpendicular to the
loading direction, the hcp (0001) plane normal is not the only direction which is parallel
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to the loading direction. In fact, any crystallographic direction within the ( 10 1 0 ) plane
could be orientated parallel to the loading direction. So, in this section, only one
possibility for the fcc to hcp transformation is discussed. Due to the limited pole figure
coverage, the SMARTS data are not sufficient for further discussion on the
crystallography of the fcc to hcp transformation. Further measurements are needed to
observe wider diffraction angles between the axial and transverse orientations (i.e.,
texture measurement) to provide more detailed understanding (the results and discussion
about texture are presented in Chapter three).
Finally, it is worth mentioning that fcc to hcp and fcc to bcc transformations do
not necessarily occur in two separate sets of austenite grains. In 18-8 stainless steel (304L
is a standard 18-8 stainless steel), the hcp phase is formed first during the deformation
and the intersection of two hcp plates may serve as the nucleation sites of the bcc phase,
which subsequently grows into the austenite matrix [27-28]. Such process may occur in a
single grain. Therefore, the two mechanisms responsible for the fcc to hcp and fcc to bcc
transformations discussed earlier for the current study could co-exist within a given
single grain.

2.7.

Lattice strain evolution
Time-of-flight (spallation) neutron source is a powerful tool to quantify the

evolution of the lattice strain as a function of the applied load since the reflections from
multiple atomic planes can be recorded in a single measurement. The lattice strain
evolution can be characterized by either Rietveld refinement or single peak fits. The
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Rietveld refinement is performed over the entire diffraction pattern and produces a lattice
parameter which is averaged over all the lattice planes. In contrast, the method of single
peak fits evaluates the anisotropic response of individual lattice plane [8].
Fig. 2-17 shows the lattice strain evolution, determined by Rietveld refinement, of
the fcc austenite at 300K and 203K. At 300K, the lattice strain response keeps linear even
after yielding point (525MPa) since only one phase is available to sustain all the applied
load. At 203K, the austenite lattice strain response starts to deviate toward lower strain
direction after yielding at 612 MPa. This deviation is slight at the beginning of the plastic
deformation since the amount of the martensite formation is small at this stage. With
further deformation, the departure from the linearity becomes more apparent.
It is well known that the bcc martensite is a much harder phase compared to the
austenite. When martensite formation starts, part of the load will be transferred to the
newly formed martensite. The load sharing by the martensite causes the departure from
the linearity of the austenite lattice strain and a compressive internal stress is generated in
the austenite.
Fig. 2-18 shows the hkl specific lattice strains of the austenite during the
deformation at 300K. In the elastic region, the grain families with different orientations
show apparently different stiffness (called diffraction elastic constant), which is caused
by the high elastic anisotropy of the austenitic stainless steel. It can be seen that the 200
reflection shows the lowest stiffness, indicating that the grain family with (200) plane
normal parallel to the loading direction can elastically deform easily compared with the
other orientations.
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From Fig. 2-18, it can also be observed that the grain families with different
orientation do not yield simultaneously. The critical resolved shear stress required to
initiate the slip in a certain grain is quite different, depending on the grain orientations.
When certain grains yield, a greater part of the increased load will be supported by those
grains which have not yielded yet. It causes the departure from the linearity of the lattice
strain. The lattice strain response of the grains which yield later will deviate to the larger
strain direction and it can be seen that the grains with (200) plane normal parallel to the
load direction yield latest. After unloading, the residual strain, i.e. intergranular strain, is
generated in the different grain families. The tensile residual strain is generated and
accumulated in the grains with (200) and (311) plane normal parallel to the loading
direction and compressive residual strain in the grains with (111) and (220) plane normal
parallel to the loading direction.
At 203K, due to the bcc and hcp martensites formation, the peaks from the three
phases overlapped heavily, as shown in Fig. 2-19. Only 200 reflection is resolvable for
the fcc phase and the lattice response of the (200) peak (Fig. 2-20) shows the similar
trend as at 300K.
For the bcc martensite, only (200) peak is isolated from the other peaks. However,
due to the lack of the initial stress-free d-spacing (because no bcc martensite exists before
deformation), it is hard to determine the lattice strain. Only the relative change of the dspacing can be obtained from the single peak fit, as shown in Fig. 2-21. At the beginning
of the martensite formation, the uncertainty is very large because of the low peak
intensity and significantly reduced with the increasing applied load (i.e. increase of the
amount of bcc martensite). The d-spacing is decreased with the compressive stress.
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2.8.

Phase fraction evolution of martensites
Fig. 2-22 shows the weight fraction changes of the bcc and hcp martensites during

the deformation at 203K. The initial content of the hcp phase is around 5% and it stays
constant at the elastic regime. As soon as the yielding occurs, as indicated by the black
dotted line, the hcp phase starts to increase. When the weight fraction reaches about 15%,
it seems that the hcp formation slows down. For the bcc martensite, it is undetectable due
to the measurement resolution until the weight fraction reaches about 2% (around
800MPa). After that, the bcc martensite fraction increases almost linearly with applied
stress.

2.9.

Microstructure
The microstructures of three kinds of samples were investigated using

Transmission Electron Microscopy (TEM): (1). as-received, (2). deformed at 300K with
9.5% strain, and (3). deformed at 203K with 14% strain. The TEM specimens were
prepared using a twin jet technique in a solution of 90% acetic acid and 10% perchloric
acid at 255K.
Fig. 2-23 shows the microstructures of the samples before deformation (a) and
after 9.5% plastic strain (b). Stacking faults can be clearly observed in the undeformed
sample. 304L stainless steel is a low stacking fault energy alloy (~18mJ/m2) and stacking
faults can occur readily. During the plastic deformation, the number of the stacking faults
increases and faulted bands form after 9.5% strain as shown in Fig. 2-23b. As discussed
in section 2.6.2, a stacking fault region actually has an hcp structure and these faulted
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bands may finally form into hcp plates. During the deformation at 300K, no bcc crystals
appeared.
As already shown in the diffraction patterns (Fig. 2-8, 9, and 19), both hcp and
bcc phases formed during the deformation at 203K. Fig. 2-24 shows the morphologies of
the needle-like hcp martensite (a) and the lath-like bcc crystals (b) after 14% plastic strain.

2.10. Conclusion
Compression tests of 304L stainless steel were performed at 300K and 203K.
Macroscopic mechanical behavior, hkl specific intensity evolution, lattice strain evoluton,
phase fraction evolution and microstructure were investigated. Both hcp and bcc
martensites formed during the deformation at 203K, while no newly-formed martensite
was detected at 300K. The newly-formed martensites were observed to be textured and
the transormation is believed to be orientation dependent. The fcc grain family with {111}
plane normal parallel to the loading direction is associated with the fcc to hcp
transformation, while the grain family with {200} plane normal parallel to the loading
direction is preferred for the fcc to bcc transformation. The lattice strain result indicates
that the martensite formation plays a role in strengthening.
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Figure 2-1. Schematic of SMARTS diffractometer [1].
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Figure 2-2. Experiment setup of in situ cryogenic compression tests at SMARTS.
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Figure 2-3. Cryogenic setup at SMARTS: 1. copper pipe; 2. compression platen; 3.

thermocouples; 4. specimen.
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Figure 2-4. Schematic of the neutron scattering geometry, showing the scattering vector

(Q) and their relationship with the loading axis.
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Figure 2-5. Neutron diffraction pattern of 304L stainless steel. The green line is the

Rietveld fit and the tickmarks show the peak positions.
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Figure 2-6. Compressive stress-strain curves measured at 300K (dashed line) and 203K

(solid line). At 203K, the material shows higher yield stress and strain hardening rate.
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Figure 2-7. Diffraction patterns before and after the deformation (9.5% plastic strain) at

300K: (a) Axial data; (b) Transverse data.
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Figure 2-8. Diffraction patterns before and after the deformation (14% plastic strain) at

203K: (a) Axial data; (b) Transverse data.
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Figure 2-9. Diffraction patterns acquired in situ during deformation at 203K. The

intensities of fcc (111) and fcc (200) peaks decreased significantly and the hcp ( 10 1 0 )
peak only appears in the transverse direction, indicating that the newly-forming hcp
phase is textured.
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Figure 2-10. The intensity evolution of fcc (200) peak in the axial direction during

deformation at 300K and 203K. The intensity decreased much faster during deformation
at 203K because of the fcc to bcc martensitic phase transformation.
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Figure 2-12. Intensity evolution of bcc (200) peak in the axial and transverse directions.
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Figure 2-14. Stacking faults formed after 14% plastic strain in 304L stainless steel at

203K.
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Figure 2-15. Intensity evolution of hcp ( 10 1 0 ) peak in the transverse direction at 300K

and 203K. The intensity started to increase almost linearly with the plastic strain at 203K,
while staying rather constant at 300K.
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Figure 2-16. Grain orientation of newly-formed hcp lattice, which is oriented with the
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Figure 2-17. The lattice strain evolution of fcc austenite at 300K and 203K.
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Figure 2-18. hkl lattice strain evolution of fcc austenite at 300K.
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Figure 2-19. Diffraction pattern after 14% strain at 203K, showing the bcc and hcp

martensite formation and the heavy peak overlapping. Label: f – fcc austenite; b – bcc
martensite; h – hcp martensite.
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Figure 2-20. Lattice strain evolution of fcc (200) peak during the deformation at 203K

and 300K. Due to the peak overlapping, (200) is the only resolvable peak for fcc phase.
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Figure 2-21. D-spacing change of bcc (200) peak during the deformation at 203K.
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Figure 2-23. TEM micrographs showing the stacking faults in the undeformed sample (a)

and the faulted bands after 9.5% plastic strain (b).
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Figure 2-24. TEM bright-field images showing (a) hcp and (b) bcc martensite

morphologies after 14% plastic strain at 203K.
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Part III. Texture Evolution during the Strain-Induced
Martensitic Transformation in a 304L Stainless
Steel at 300K and 203K
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3.1.

Introduction
As discussed in section 2.6, the martensitic transformation in TRIP steel is grain

orientation dependent, that is, the grain families with particular orientations relative to the
loading direction are preferred for the transformation. In section 2.6, it has been
concluded that the fcc grain family with the (200) plane normal parallel to the
compressive loading axis is preferred for the fcc to bcc transformation in 304L stainless
steel, and the (200) plane normal of the newly-formed bcc phase is along the loading
direction; that is, (200)γ//(200)α'. For the fcc to hcp transformation, the transformation
occurs by the coalescence of the partial dislocations on the fcc (111) planes. The
orientation relationship between the fcc and hcp crystals is (111)γ//(0001)ε, and it is
implied that the fcc grain family with (111) plane normal parallel to the loading axis is
closely associated with the fcc to hcp transformation at 203K. Therefore, the newlyformed martensites (both bcc and hcp phases) should be textured due to the preferential
phase transformation during loading, while the austenite develops its own texture by the
compressive plastic deformation (slip).
However, the conclusions mentioned above are based on the observations of the
intensity changes of the relevant hkl planes at ± 90° diffraction angles (i.e., only in the
directions parallel and perpendicular to the loading direction) measured using the
SMARTS diffractometer at LANSCE. To provide more detailed understanding, it is
necessary to observe wider diffraction angles between the axial and transverse
orientations (i.e., texture measurement). In terms of the texture, the SMARTS
measurement does not provide enough pole figure coverage.
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Another important reason for the texture measurement is that there are two
mechanisms responsible for the texture evolution of the materials which can transform
during the plastic deformation, i.e., plasticity by dislocation motion and martensite
formation. So, the evolution of the crystallographic texture and consequently the overall
anisotropic behavior differs from that in classical stable materials. Regarding the phase
transformation behavior, the documentation on texture is still not well established.
In this chapter, the author will present the results on the texture evolution of
austenite and martensites during the compressive deformation of the 304L stainless steel
at 300K and 203K, and the interplay between the transformation and deformation
textures will be discussed.

3.2.

Experiment details
The cylindrical samples used for the texture measurement are the same with those

measured at SMARTS. The uniaxial compression tests were performed at 300K and
203K. To follow the texture evolution, the samples were pre-compressed to different total
strain levels of 0.5%, 4.1%, 6.0%, and 11.3% at 300K; and 0.7%, 3.7%, 8.4%, and18.4%
at 203K.
To investigate the texture evolution of both austenite and martensites during the
phase transformation and the plastic deformation, the neutron diffraction measurement
was performed for each sample (with different strain level) using the HIPPO (High
Pressure Preferred Orientation) diffractometer at LANSCE. Due to the multidetector
capability and the deep penetration of neutrons into the material, the HIPPO
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diffractometer is an ideal tool for bulk texture measurements [1-2]. As shown in Fig. 3-1
[2], the HIPPO diffractometer is equipped with 50 detector panels positioned on 5 rings
at the different diffraction angles of 150°, 90°, 40°, 20°, and 10°. Each detector views a
set of differently oriented crystals. For the current texture measurements, 30 detector
panels at the diffraction angles of 150°, 90°, and 40° were used to collect the neutron data.
(20° and 10° detectors were not used in this study because of the lower resolution.) To
improve the pole figure coverage, diffraction spectra were measured in four different
sample orientations by rotating the sample around the loading axis [2].
The General Structure Analysis System (GSAS) software was used to perform the
Rietveld analysis of 96 diffraction patterns simultaneously and pole figures were
extracted from the Rietveld analysis to describe the texture. In addition to the texture
information, the Rietveld refinement also provides the weight fraction of the constituent
phases.

3.3. Results

3.3.1. Texture evolution at 300K
At 300K, no martensite formation was observed during the deformation. Fig. 3-2
shows the neutron diffraction patterns (measured on SMARTS diffractometer) before and
after the deformation (11.3% total strain) at 300K for both axial and transverse directions.
Here, the “axial” diffraction patterns were measured with the scattering vector parallel to
the compressive loading axis and the “transverse” with its scattering vector perpendicular
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to the loading direction. The diffraction patterns of the undeformed specimen (dashed
lines) are plotted with a slight offset towards the left-hand side and downward for clarity.
Therefore, the x-axis label (d-spacing) is accurate for the diffraction patterns of the
deformed specimen (solid lines) only. Since no new martensite peaks appear, the
intensity changes are only the result of grain rotation (texture evolution) due to the plastic
deformation. Note that there is a small pre-existing hcp ( 10 1 0 ) peak in the transverse
direction, which is presumably due to the deformation during the material fabrication and
no intensity change of this peak was observed during the loading at 300K.
To represent the orientation distribution quantitatively, the pole figures are
extracted from the Rietveld refinement of the HIPPO data using the Preferred Orientation
Package-Los Alamos (Popla) software [3]. Fig. 3-3 presents the pole figures for the
samples with (a) 0.5%, (b) 4.1%, (c) 6.0%, and (d) 11.3% total strain. The compressive
loading direction is at the center of the pole figure and perpendicular to the page. The
linear grey scale used to display the measurements is in unit of multiples of the random
distribution (m.r.d). For the sample with 0.5% strain, it shows the intial slight tension
texture with the (111) maximum in the loading direction (Fig. 3-3a) due to the extrusion
processing. With compressive strain increasing, the pre-existing tension texture weakens
and the austenite phase becomes less textured (Fig. 3-3b-c). At 11.3% strain (Fig. 3-3d), a
compression texture has developed with (110) maximum parallel to the compression
direction, which is typical for the fcc material under compression [4].
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3.3.2. Phase and texture evolution at 203K
At 203K, the martensites start to form with the increasing applied strain and the
martensitic phases were first observed at about 2.5% strain. Fig. 3-4 shows the diffraction
patterns measured in-situ on the SMARTS diffractometer, before and after deformation
(18.4% strain) at 203K for both axial and transverse directions (the diffraction patterns
are not offset in this case). Before deformation, the diffraction patterns in both directions
look quite similar and there is no substantial peak intensity difference in these two spectra.
After the deformation, the parent phase shows significant intensity difference in both
axial and transverse directions due to the plasticity-induced texture development and the
preferential phase transformation. For instance, both fcc (200) and fcc (111) reflections
show higher intensities in transverse direction than in axial direction. By comparing the
martensite peaks in both directions carefully, it can be observed that the intensity of the
same reflection is quite different in the two directions. For example, hcp ( 10 1 0 ) only
shows up in transverse direction and the bcc (110) peak is much stronger in the transverse
direction. This result indicates that the newly-formed martensites are textured.
Fig. 3-5 presents the texture evolution of the austenite phase during the cryogenic
compression and phase transformation at 0.7%, 3.7%, 8.4%, and 18.4% total strain.
Initially, it also shows a slight tension texture with the (111) maximum in the loading
direction (Fig. 3-5a). With the compressive strain increasing, the pre-existing tension
texture weakens and the austenite phase becomes less textured (Fig. 3-5b). At 8.4% strain
(Fig. 3-5c), a compression texture has developed with (110) maximum parallel to the
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compression direction and Fig. 3-5d shows a higher extent of compression texture
corresponding to a larger compressive strain (18.4%).
Fig. 3-6 shows the pole figures of bcc martensite at 8.4% and 18.4% strain at
203K (bcc phase was not resolved at 0.7% and 3.7% strain). Cylindrical texture
symmetry (fiber texture) was used for the relatively weaker martensite phases during the
spherical harmonics texture analysis. This is a reasonable assumption since the specimen
is a cylinder and the test is uniaxial compression. The dominant feature here is that a
strong (100) maximum developed in the bcc martensite in the direction parallel to the
compression direction. Another characteristic is that the bcc phase displays a stronger
texture at 8.4% strain (3 m.r.d at the center) than at 18.4% strain (2 m.r.d. at the center).
Fig. 3-7 shows the axial (100) pole density distribution of the bcc martensite as a function
of the angle to the normal direction (e.g., the polar angle of 0º means the loading
direction and 90º is the direction perpendicular to the loading direction). In the loading
direction, the (100) pole density is highest and higher at 8.4% strain than at 18.4% strain.
Fig. 3-8 presents the texture evolution of the hcp phase during the cryogenic
(203K) compression at 3.7%, 8.4%, and 18.4% strain. With 3.7% applied strain (Fig. 38a), the c-axes of hcp crystals are mostly orientated with an angle from 20º to 60º to the
loading direction and accordingly, the ( 10 1 0 ) poles are oriented within the range from
40º to 80º to the compression direction. At a higher strain level (8.4%; Fig. 3-8b), the caxes are more concentrated at the area closer to the normal direction. However, with
further straining to 18.4% (Fig. 3-8c), the orientation density of c-axis starts to spread out,
i.e. the density distribution becomes relatively more uniform. Fig. 3-9 shows the axial
(0001) pole (c-axis) density distribution of the hcp martensite as a function of the angle to
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the normal direction. At 3.7% strain, the (0001) pole density reaches the maximum at the
angle of about 40º. At 8.4% strain, the maximum (0001) pole density increases and the
location of the maximum density moves to a lower angle (closer to the loading direction).
With a further deformation (18.4% strain), the maximum density starts to decrease and
the pole density in the loading direction keeps increasing.
Fig. 3-10 shows the evolution of the weight fraction of the austenite and
martensite phases at different strain levels at 203K. At 0.5% strain, no martensite
formation was observed. At 3.7% strain, 5.4wt.% hcp phase was detected while bcc phase
was still unresolvable. With a further deformation, bcc phase fraction was observed and
increased while the hcp phase fraction seems to saturate.

3.4.

Discussion
The material used in this study was fabricated by cold drawing and, from Fig. 3-3,

it is evident that a remnant of the extrusion texture remained even after the heat treatment.
Therefore, at 300K, the sample with very small compressive strain (0.5%) still shows
slight tension texture. With increasing compressive strain, the tension texture was
replaced by the 110 compression component (Fig. 3-3). At 203K, it can be seen that the
parent austenite phase developed a similar texture to that at 300K, i.e. from slight tension
to compression (Fig. 3-5),

which implies that the martensites formation did not

qualitatively affect the texture evolution of the austenite phase during the plastic
deformation.
In the case of fcc to bcc transformation, it can be seen from Fig. 3-6a that the (100)
plane normal of the newly-formed bcc phase is aligned with the compression direction. It
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implies that the austenite grains with (100) plane normal parallel to the loading direction
are favored for the fcc to bcc transformation, since the orientation relationship between
the transformed austenite grain and the newly-formed bcc martensite grain is that the
(200) plane of bcc phase should be parallel to the fcc (200) plane, i.e., (200)γ//(200)α'. For
the phenomenon that the bcc phase displays a stronger (200) texture at 8.4% strain than
18.4% strain, a possible reason is that the bcc deformation texture may weaken its
transformation texture. After the fraction of bcc phase becomes appreciable, it will
develop its own deformation texture with (111) plane normal aligned parallel to the
loading direction, which is a typical bcc compression texture [4]. Then, the deformation
texture will weaken the initial texture developed earlier by the preferential phase
transformation.
For fcc to hcp transformation, the orientation relationship between the parent fcc
phase and the newly-formed hcp phase is that the fcc (111) plane is parallel to the hcp
(0001) plane, i.e., (111)γ//(0001)ε. From Fig.3-4, it can be seen that the hcp ( 10 1 0 ) only
appears in the transverse direction but not in the axial direction, which indicates that the
hcp crystals are oriented with c-axis parallel to the loading direction. However, it is not
clear whether the hcp phase formed initially with such an orientation or it formed at other
orientations and then rotated into this position during the subsequent plastic deformation.
So, it becomes critical to find the orientation distribution of the hcp crystals, as illustrated
in Fig.3-9. At 3.7% strain, i.e., at the early stage of hcp formation, the (0001) pole has the
highest density at the angle of 40º (the angle between the fcc (111) plane normal and the
loading direction), which implies that this orientation is more favorable for the fcc to hcp
transformation. However, it should be noted that the hcp phase was first observed at
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about 2.5% strain, and a certain degree of deformation texture may have already
developed at 3.7% strain, which may have already rotated the grains by a small angle.
Therefore, there is a possibility that the orientation preferred for the transformation is at
an angle slightly higher than 40º, where the resolved shear stress is larger. Once the hcp
phase forms, it starts to develop the compression deformation texture with the c-axis
moving toward the loading direction. Therefore, the position of the maximum density
moves to a lower angle (closer to the loading direction). At 18.4% strain, hcp phase
formation starts to slow down (Fig. 3-10) while the compression texture is still under
development, which leads to more (0001) poles concentrated in the area close to the
loading direction.

3.5.

Conclusion
Several 304L stainless steel samples were pre-compressed to different strain

levels at 300K and 203K. Texture was measured by neutron diffraction using the HIPPO
diffractometer at Los Alamos Neutron Science Center. The initial sample has a slight fcc
extrusion texture with (111) maximum in the loading direction and the pre-existing
tension texture was replaced by the compression texture with (110) maximum in the
loading direction during the compression deformation at both 300K and 203K. The
texture evolution of the parent austenitic phase was not significantly affected by the
martensites formation during the plastic deformation at 203K. The texture evolution of
bcc martensite shows that fcc grains with (200) plane normal parallel to the loading
direction are preferred for the fcc to bcc transformation. For the fcc to hcp transformation,
the results suggest that the fcc grains with (111) plane normal at an angle close to 40º to
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the compression direction are more favored for the transformation. Both bcc and hcp
martensites are highly textured due to the preferential phase transformation and their final
textures are affected by the concurrent plastic deformation.
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Appendix

( )

Figure 3-1. Schematic of HIPPO diffractometer showing the arrangement of detector

panels arranged on rings of constant diffraction angle. The sample is located in a sample
chamber [2].
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Figure 3-2. Diffraction patterns measured using the SMARTS diffractometer, before and

after deformation (11.3% total strain) at 300K: (a) Axial data; (b) Transverse data. The
diffraction patterns of the undeformed specimen (dashed lines) are plotted with a slight
offset towards the left-hand side and downward for clarity.
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(a). 0.5%

(b). 4.1%

(c). 6.0%

(d). 11.3%

Figure 3-3. Texture evolution of austenite (fcc) phase deformed at 300K. (a) 0.5% strain.

(b) 4.1% strain. (c) 6.0% strain (d) 11.3% strain. Compression axis is at the center of the
pole figure.
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Figure 3-4. Diffraction patterns, from SMARTS, before and after deformation (18.4%

strain) at 203K: (a) Axial data; (b) Transverse data. The diffraction patterns are not offset
in this case.
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(a). 0.7%

(b). 3.7%

(c). 8.4%

(d). 18.4%

Figure 3-5. Texture evolution of austenite (fcc) phase during cryogenic (203K)

compression and phase transformation. (a) 0.7% strain. (b) 3.7% strain. (c) 8.4% strain (d)
18.4% strain.

- 108 -

(a). 8.4%

(b). 18.4%

Figure 3-6. Texture of bcc martensite at (a) 8.4% strain and (b) 18.4% strain at 203K.
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Figure 3-7. Axial 100 pole density distribution of bcc martensite at different amount of

applied strain at 203K.
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(a). 3.7%

(b). 8.4%

(c). 18.4%

Figure 3-8. Texture evolution of hcp martensite at (a) 3.7% strain, (b) 8.4%, and (c)

18.4% strain at 203K.
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Figure 3-9. Axial 0001 pole density distribution of hcp martensite at different amount of

applied strain at 203K.

- 112 -

Wt. Fraction (%)

100
80
FCC
HCP
BCC

60
40
20
0
0

5
10
15
Applied Strain (%)

20

Figure 3-10. Phase (weight) fraction evolution of the austenite and the martensite phases

at different strain levels at 203K.
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Part IV: Texture Evolution during Strain-Induced
Martensitic Transformation in a 304L SS at 77K
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4.1. Introduction
This part is a continuation of the study on the texture evolution during the
martensitic phase transformation at cryogenic temperatures. In part three, the author has
already discussed the texture evolution of both austenite and martensites during the
deformation at 203K. However, some unanswered questions remain.
It is known now that a particular set of the fcc grains (with 200 plane normal
parallel to the loading direction) preferentially transforms to the bcc phase during the
deformation at 203K. So, it is expected that the texture change of the fcc austenite at
203K should be different from that at 300K. However, as seen in Fig. 3-3 and Fig. 3-5,
the fcc texture evolution at 203K is not greatly affected by the preferential phase
transformation. It may be due to the small amount of bcc martensite formation (less than
20%). For the same reason, it is difficult to observe the texture evolution of the bcc
martensite during the subsequent plastic deformation.
From Fig. 3-6, it is observed that the texture of the bcc phase weakens at higher
strain level. It is possibly because the bcc texture developed during the deformation is not
consistent with the initial transformation texture. Besides, there is another possible
explanation that, after the fcc grains transform which have preferred orientation for
transformation, the less favorite grains start to transform and weaken the initial
transformation texture. Based on the data on hand, it is hard to tell which factor plays a
more important role in the texture evolution of the martensite.
To clarify the effect of the transformation and the subsequent deformation on the
texture evolution of the parent fcc phase and the martensite phase, it is necessary to
introduce larger amount of the martensite formation. In this experiment, the 304L
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stainless steel samples are strained directly in the liquid nitrogen and the much lower
deformation temperature (77K) helps the martensite formation.

4.2.

Experiment details
The material used in this study is the same 304L stainless steel. The samples were

machined into a cylinder with a diameter of 5 mm and a length of 10 mm. As
schematically shown in Fig. 4-1, each compression sample was immersed in the liquid
nitrogen for about 5 min before the test. Then, the specimens were compressed to
different strain levels with a strain rate of 5×10-3 mm/s. A total of 10 samples were tested
to 10 different strain levels: 4.6%, 7.3%, 10.0%, 12.0%, 13.6%, 15.2%, 16.8%, 18.6%,
20.4%, and 22.2% strain.
The neutron texture measurements on the compressed samples (including the asreceived specimen) were performed at the HIPPO diffractometer and the General
Structure Analysis System (GSAS) software was used to perform the Rietveld analysis
(see section 3.2). In addition to the pole figures, the orientation distribution function
(ODF) and the inverse pole figures were also calculated from the pole figure data using
the Preferred Orientation Package-Los Alamos (Popla) software [1] to obtain a more
complete description of the texture evolution.
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4.3

Results

4.3.1 Macroscopic mechanical behavior
Fig. 4-2 shows the compressive stress-strain curve of 304L stainless steel
deformed at liquid nitrogen temperature. The red triangles represent the strain levels the
10 specimens were compressed to. There are three stages in the stress-strain curve. Stage
I is the elastic region and no transformation is expected to occur. Stage II and stage III are
the regions of plastic deformation.

4.3.2 Phase fraction evolution
Fig. 4-3 shows the weight fraction changes of the austenite and the martensites as
a function of the applied strain at the liquid nitrogen temperature. The final weight
fraction of the martensites (bcc: 51.6%; hcp: 15.9% after about 22% strain) is much
higher than that (bcc: 17.4%; hcp: 13.3% after about 18% strain) at 203K. Also, it can be
observed that at about 12% strain, there is a change of the transformation rate for both
bcc and hcp martensite, that is, the formation of bcc phase starts to slightly slow down
and the hcp phase saturates. The different transformation rate changes the strain
hardening behavior of the material as shown in Fig. 4-2. The slope difference between
these two stages is caused by martensite formation rate. In stage II, the martensite forms
faster than in stage III and therefore, the strain hardening rate is lower [2-4]. In this part,
the focus is the texture evolution during the transformation and more detailed discussion
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on the relationship between the martensite formation rate and the macroscopic
mechanical response will be presented in part five.

4.3.3 Texture evolution at 300K
In chapter three, the pole figures (Fig. 3-3) for the samples compressed to
different strain levels at room temperature have been presented. To have a more complete
description of the texture, the orientation distribution function (ODF) and the inverse pole
figure will be examined in this part.
Fig. 4-4 shows the sample orientation distribution (SOD) of the as-received 304L
stainless steel sample. SOD is a three dimensional representation of the sample frames
relative to the crystal axes [5]. The orientation of the sample frame is determined by three
Euler angles (φ1, Φ, φ2) which consist of Euler space. In another words, the orientation
relationship between the crystal and the sample frames is described by Euler angles. In
Euler space, SOD is plotted at constant φ1’s and in each section, φ2 is read from 010
toward 100 and Φ is read from 010 toward 001. The last unit is the average of the
sections which is actually the inverse pole figure of the loading direction. From Fig. 4-4,
it is shown that there are two components of the extrusion texture (since the material is
made by drawing), one around <111> and the other around <100>.
Fig. 4-5~8 show the SOD of the samples compressed to 0.5%, 4.1%, 6.0%, and
11.3% strain, respectively. At 0.5% and 4.1% strain, the two components of the extrusion
texture still appear but become weaker. At 6.0% strain, these two components almost
disappear and the new <110> component (compression texture) starts to show up. After
11.3% strain, the compression texture becomes stronger.
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Fig. 4-9 shows the inverse pole figures of these four samples. Inverse pole figure
is the projection of the sample frames (loading direction in this case) relative to the
crystal axes. As indicated by the arrows, the maximum density of the loading direction
moves from the <111> to the <110> direction with increasing strain levels, illustrating
the transition of the texture from extrusion to compression.

4.3.4 Texture evolution of fcc phase at 77K
Fig. 4-10 gives the pole figures and the sample orientation distribution of the
undeformed sample. Besides the two components of the extrusion texture, a slight rolling
texture, as indicated by the 6-fold peaks in the pole figures, can also be observed.
Fig. 4-11~15 presents the texture evolution of the fcc austenite during the
deformation at LN2 temperature. These samples are strained to 4.6%, 10.0%, 13.6%,
16.8%, and 20.4%, respectively. At 4.6% strain, no transformation has been observed yet
and the fcc texture does not change significantly. The <111> and <100> components are
still evident. However, at φ1=0°, 10°, 70°, and 80° (SOD), there is a trend that the <110>
component of the compression texture starts to accumulate although the density is still
very weak.
After deforming to 10.0% strain, the material starts to transform and 12.1% bcc
phase and 16.4% hcp phase (Fig. 4-3) have formed. At this point, the <111> component
is still apparent as seen from the (111) pole figure (Fig. 4-12). However, if we look back
to the texture of the fcc phase deformed at room temperature, it can be found that the
<111> component has already disappeared at the similar strain level (Fig. 3-3d) due to
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the compressive deformation. On the other hand, a slight increase of the 110 pole density
in the loading direction can also be observed due to the compression texture development.
With increasing strain (13.6%, 16.8%, and 20.4%), the features discussed above
remain. The <100> component is further weakened and completely disappears. Both
<110> and <111> components are strengthened.
Fig. 4-16 shows the texture index of the fcc phase as a function of the applied
strain. Texture index is an indication of the extent to which the material is textured. It can
be seen that the austenite becomes less textured when the initial extrusion texture is
“neutralized” by the compressive strain, and the texture index increases again with
further strain due to the compression texture development in the material.

4.3.5 Texture evolution of bcc martensite at 77K
Fig. 4-17~20 show the texture evolution of the bcc martensite during the
deformation and the transformation at liquid nitrogen temperature. The corresponding
strain levels for these four samples are 10.0%, 13.6%, 16.8%, and 20.4%, respectively. At
4.6% strain, the bcc phase fraction is only about 2.7%, which is too low for a reliable
texture analysis.
The most obvious characteristic of the bcc texture is that the <100> component is
very strong at all strain levels, which can be observed from both the pole figures and the
sample orientation distributions. Another feature of the bcc texture evolution is that there
is a <111> component at 10.0% strain and it diminishes with increasing strain levels.
Fig. 4-21 shows the (100) axial distributions of the bcc martensite at different
strain levels. The axial distribution is obtained after a fiber symmetry is imposed during
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the texture analysis. From pole figures of the bcc phase, it is seen that the maximum of
the (100) pole density is slightly shifted from the center position due to a slight buckling
of compression samples at high strain levels and the pattern does not show a perfect fiber
symmetry because of the initial rolling texture. The imposed fiber symmetry centers the
maximum (100) pole density and averages it over the angle from 0° to 360° around the
loading direction. Fig. 4-21a shows that the (100) pole density in the loading direction
increases with the applied strain, indicating that, at this stage, the bcc grains primarily
come from the transformation of the fcc grains with (100) plane normal parallel to the
loading direction. After the compressive strain is larger than 15.2% (Fig. 4-21b), the (100)
pole density starts to decrease with the applied strain. It implies that the fcc grains which
have less favorite orientations for the transformation start to transform. (Note that the
deformation texture evolution of the bcc material would actually strengthen the (100)
component in the loading direction).
Fig. 4-22 shows the texture index of the bcc martensite as a function of the
applied strain. Consistent with the (100) axial distribution, the texture index increases
when the strain level is lower than 15.2% and decreases with strain levels higher than
15.2%. At the early stage of the transformation, more and more bcc grains are aligned
with (100) plane normal parallel to the loading direction and the whole sample becomes
more textured. When the transformation spreads out, the material tends to reduce the
texture a bit.
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4.3.6 Texture evolution of hcp martensite at 77K
Fig. 4-23~27 show the texture evolution of the hcp martensite at 7.3%, 10.0%,
13.6%, 16.8%, and 20.4% strain. At 7.3% strain, about 10% hcp phase has formed. The
formation of the hcp martensite is rapid at this stage (at 4.6% strain, the hcp phase is still
unresolvable from the diffraction pattern) and the distribution of the hcp grains looks
quite random. However, we can still tell from the (0001) pole figure that the newlyforming hcp crystals are primarily orientated with the basal plane normal at an angle from
about 20° to 60° to the loading direction. At 10.0% strain, this distribution becomes more
apparent. As illustrated in Fig. 4-28, which presents the hcp (0001) axial distribution,
most of the hcp grains are aligned with the basal plane normal at an angle from 20° to 60°
to the loading direction.
At higher strain levels (e.g., 13.6%, 16.8%, and 20.4%), the formation of the hcp
phase saturates, as can be seen in Fig. 4-3. The c-axis (i.e., (0001) plane normal) moves
towards the loading direction and the (0001) pole density in the loading direction
increases gradually, as can be seen in Fig. 4-25~27.
Fig. 4-29 shows the texture index change of the hcp martensite as a function of
the applied strain. It seems that the texture index increases slowly with the hcp phase
formation at the early stage of the deformation and faster with the applied strain after the
hcp phase saturates.

- 122 -

4.4

Discussion

4.4.1 Fcc texture
At 300K, due to the accumulation of the compressive deformation, the initial
extrusion texture is replaced by the compression texture, that is, the <111> component
disappears and <110> component starts to develop.
At 77K, the remnant of the <111> component indicates that the grains with (111)
plane normal parallel to the loading direction is not favored for the transformation. As for
the <100> component, it almost completely disappears as expected, since both the
deformation and the phase transformation tend to reduce the 100 pole density in the
loading direction (as discussed in section 3.4, fcc gains with (100) plane normal parallel
to the loading direction is preferred for the transformation). That is, the fcc grains with
(100) plane normal parallel to the loading direction either rotate away from their original
position or transform to the bcc phase.
The strengthening of the <110> component is due to the compressive deformation
accumulation, whereas the development of the <111> component is the result of the
interaction between two competing factors, the deformation texture and the preferential
transformation. The compressive deformation tends to diminish the <111> extrusion
component in the loading direction and the preferential transformation tends to relatively
strengthen the <111> component in the loading direction. As mentioned in the last
paragraph, the grains with (111) plane normal parallel to the loading direction is not
favored for the transformation. When the grains with preferred orientations transform, the
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<111> component will be relatively strengthened. The strengthening of the <111>
component indicates that the selective transformation may have a more significant effect
on the texture formation than the deformation.

4.4.2 Bcc texture
The bcc grains are first formed from the fcc grains with (100) plane normal
parallel to the loading direction. Owing to the orientation relationship between the fcc
and the bcc phase, the bcc grains are also oriented with (100) plane normal parallel to the
loading direction.
The texture development of the bcc material is opposite to that of the fcc material,
that is, the compression texture of the bcc structure is the same as the tension texture of
the fcc structure [5]. Therefore, the appearance of the <111> component at 10.0% strain
is the result of the compressive deformation development. With further straining, the bcc
phase fraction keeps increasing and the newly-formed bcc grains are mainly located with
(100) plane normal parallel to the loading direction. So, the <111> component is
relatively reduced, which is similar to the situation that the fcc <111> component is
relatively strengthened by the selective transformation (section 3.4.1). Again, the bcc
<111> component development suggests that the transformation should have a more
significant effect on the texture evolution than the deformation.
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4.4.3 Hcp texture
As already mentioned in Part Two, the orientation relationship between the fcc
austenite and the hcp martensite is that the fcc (111) plane is parallel to the hcp (0001)
plane. Thus, from the hcp (0001) pole figure, we will know the distribution of the fcc
grains which transformed to the hcp phase.
From Fig. 4-23, it can be observed that the fcc grains with (111) plane normal
parallel or perpendicular to the loading direction are not preferred for the transformation
and the orientations with (111) plane normals at an angle from about 20° to 60° to the
loading direction are more favored since the shear stress plays a more important role in
the transformation from the fcc to hcp structure.
The formation of the hcp phase saturates at higher strain levels (e.g., 13.6%) as
seen in Fig. 4-3. Then, the texture evolution should be mainly determined by the
subsequent deformation of the hcp phase. The result of the deformation texture
development of the hcp structure is that the c-axis (i.e., (0001) plane normal) moves
towards the loading direction and the (0001) pole density in the loading direction
increases gradually, as can be seen in Fig. 4-25~27.

4.5

Conclusions
The texture evolutions of the austenite and the martensites during the compressive

deformation at liquid nitrogen temperature are investigated.
Two components, <110> and <111>, rather than only <110> component observed
at room temperature, develop in the fcc austenite during the low temperature deformation.
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The appearance of the <110> component is due to the compressive strain as usual and the
<111> component remains because the fcc grains with (111) plane normal parallel to the
loading direction are not preferred for the transformation. Also, it is illustrated that the
phase transformation has a more significant effect on the texture evolution than the
deformation.
For the bcc martensite, the grains are primarily oriented with (100) plane normal
parallel to the loading direction. A slight <111> texture was observed at the early stage of
the deformation and then, diminishes, rather than strengthens, with the applied strain.
Again, it proves that the phase transformation dominates the texture evolution during the
low temperature deformation. At high strain levels, the bcc phase becomes less textured
when the fcc grains with less favorite orientations start to transform.
The fcc to hcp transformation occurs in a wide area and a high shear stress is
favored for the hcp phase formation. After the hcp phase saturates, it develops a
compression texture resulting in an increase of the (0001) pole density in the loading
direction.
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Appendix

Compression Platen

Liquid Nitrogen
Compression
Specimen

Figure 4-1. Schematic of the compression tests at liquid nitrogen temperature.
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Figure 4-2. Stress-strain curve of 304L stainless steel deformed compressively at liquid

nitrogen temperature.
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Figure 4-3. Phase (weight) fraction evolution of the austenite and the martensites during

the deformation at liquid nitrogen temperature (77K).
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Figure 4-4. Sample orientation distribution (SOD) of the as-received 304L stainless steel

sample.
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Figure 4-5. SOD of the 304L SS sample with 0.5% compressive strain.
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Figure 4-6. SOD of the 304L SS sample with 4.1% compressive strain.
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Figure 4-7. SOD of the 304L SS sample with 6.0% compressive strain.
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Figure 4-8. SOD of the 304L SS sample with 11.3% compressive strain.
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(b)

(a)
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(c)

Figure 4-9. Inverse pole figures of the 304L SS samples compressed to (a). 0.5%; (b).

4.1%; (c). 6.0%; and (d). 11.3% strain.

- 136 -

(a)

(b)
Figure 4-10. Pole figures (a) and SOD (b) of the as-received sample.
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(a)

(b)
Figure 4-11. Pole figures (a) and SOD (b) of the fcc austenite with 4.6% compressive

strain at LN2 temperature.
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(a)

(b)
Figure 4-12. Pole figures (a) and SOD (b) of the fcc austenite with 10.0% compressive

strain at LN2 temperature.
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(a)

Figure 4-13. Pole figures (a) and SOD (b) of the fcc austenite with 13.6% compressive

strain at LN2 temperature.
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(a)

(b)
Figure 4-14. Pole figures (a) and SOD (b) of the fcc austenite with 16.8% compressive

strain at LN2 temperature.
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(a)

(b)
Figure 4-15. Pole figures (a) and SOD (b) of the fcc austenite with 20.4% compressive

strain at LN2 temperature.
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Figure 4-16. Texture index of the fcc austenite as a function of the applied strain.
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(a)

Figure 4-17. Pole figures (a) and SOD (b) of the bcc martensite with 10.0% compressive

strain at LN2 temperature.
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(a)

(b)
Figure 4-18. Pole figures (a) and SOD (b) of the bcc martensite with 13.6% compressive

strain at LN2 temperature.
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(a)

(b)
Figure 4-19. Pole figures (a) and SOD (b) of the bcc martensite with 16.8% compressive

strain at LN2 temperature.
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(a)

(b)
Figure 4-20. Pole figures (a) and SOD (b) of the bcc martensite with 20.4% compressive

strain at LN2 temperature.
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Figure 4-21. (100) axial distribution plots of the bcc martensite at different strain levels:

(a). 10.0%, 12.0%, 13.6%, and 15.2%; (b). 15.2%, 16.8%, 18.6%, and 20.4%.
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Figure 4-22. Texture index of the bcc martensite as a function of the applied strain.
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(a)

(b)
Figure 4-23. Pole figures (a) and SOD (b) of the hcp martensite with 7.3% compressive

strain at LN2 temperature. For the last unit of the SOD, 00.1, 10.0, and 11.0 stand for
0001, 1010 , and 1120 , respectively.
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(a)

Figure 4-24. Pole figures (a) and SOD (b) of the hcp martensite with 10.0% compressive

strain at LN2 temperature.
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(a)

(b)
Figure 4-25. Pole figures (a) and SOD (b) of the hcp martensite with 13.6% compressive

strain at LN2 temperature.
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(a)

(b)
Figure 4-26. Pole figures (a) and SOD (b) of the hcp martensite with 16.8% compressive

strain at LN2 temperature.
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(a)

(b)
Figure 4-27. Pole figures (a) and SOD (b) of the hcp martensite with 20.4% compressive

strain at LN2 temperature.
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Figure 4-28. Hcp (0001) axial distribution at 10.0% strain.
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Figure 4-29. Texture index of the hcp martensite as a function of the applied strain.
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Part V:

Strain-Induced Martensitic Transformation in an
Ultrafine-Grained Steel at 300K

- 157 -

5.1.

Introduction
Ultrafine-grained (UFG) steels with an average grain size of about 350nm and

250nm were developed. The tensile testing of UFG steels at ambient temperature shows
a three-fold increase in the yield strength compared to their coarse-grained (50µm)
counterpart. Moreover, the increase in the strength was achieved without the sacrifice of
the tensile ductility due to the strain-induced martensitic phase transformation. The
evolution of lattice strains and phase fractions of the austenite and newly-forming
martensite phases during the tensile deformation was investigated, using in-situ neutron
diffraction, to provide a micromechanical understanding of the transformation-induced
plasticity (TRIP) responsible for the combination of high strength and ductility in the
UFG TRIP steel.

5.2.

Background
Nanocrystalline and ultrafine-grained (UFG) materials have received an extensive

attention in recent years [1-2]. It is well known that the strength can be dramatically
enhanced by reducing the grain size based on the Hall-Petch relationship. Therefore,
grain refinement becomes technically attractive for the production of stronger materials.
The recent development of the severe plastic deformation (SPD) techniques; such as
equal channel angular pressing (ECAP), accumulative roll bonding, and high pressure
torsion; allows the refinement of the grain size to the nanoscale [2-4]. However, the high
yield strength is usually achieved at the expense of the ductility as there is little uniform
elongation after yielding due to the lack of strain hardening [5-6]. Based on Hart’s
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instability criterion [7], for a material with high yield stress (e.g., nano or UFG materials),
it is necessary for a large strain hardening to be present to maintain the uniform
elongation before the localized deformation that leads to necking and the final failure of
the material. The strain hardening process is typically associated with the accumulation
and interaction of the dislocations. However, the UFG metals usually have a high initial
dislocation density which is introduced during the processing of the material through the
severe plastic deformation. Therefore, the saturation of the dislocation density results in
very low strain hardening rate during subsequent deformation and hence, poor ductility
[5].
However, in the case of the recently-developed UFG TRIP (transformation-induced
plasticity) steel [8-9], the martensitic phase transformation provides an effective source of
strain hardening. The replacement of the austenite by the much harder martensite phase
increases the strain hardening rate and delays the strain localization. The prevention of
premature necking leads to a significant increase in the uniform elongation. Meanwhile,
the transformation strains (volume and shear strains) that accompany the phase
transformation also contribute to the ductility improvement. In this part, we present the
experimental results of the in-situ neutron-diffraction studies to provide micromechanical
insights to the transformation and deformation behavior of the UFG TRIP steels.

5.3.

Sample preparation
The material selected for this study is Fe-Cr-Ni-Mn steel with a nominal

composition (in weight percent) of 10% Cr, 5% Ni, 8% Mn, 0.1% C, and balance Fe. The
ingot, prepared using a high frequency vacuum induction furnace, was hot-rolled to a
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plate (10 mm thick) and solution treated at 1473 K for 30 min. Then, the solution treated
plates were subjected to two thermomechanical processes. First, as shown in Fig. 5-1 [9],
the solution-treated plate (mainly fcc-γ phase with an average grain size of about 50 µm)
was cold rolled to about 75% thickness reduction and most of the γ phase transformed
into α’ (bcc) phase. Then, the plate was annealed at 913 K (10 K higher than the reverse
transformation finish temperature Af) for 10 min to induce the reverse transformation of
the mechanically-induced α back to γ. After the reverse transformation, the UFG
austenite (γ) with about 350 nm grain size was obtained. To further reduce the grain size,
the plate after reverse transformation was warm rolled with 50% thickness reduction and
recrystallized at the reverse transformation temperature (Fig. 5-1). More detailed
description of the material preparation is available in the literature [8-9].

5.4.

Microstructure
Fig. 5-2 shows the TEM bright field image of the solution treated (ST) sample.

The needle-like hcp (ε) and lath-like bcc (α’) martensites can be easily found, indicating
that the martensite start temperature (Ms) of the ST sample is higher than the room
temperature. Also, it should be noted that the grain size of the ST sample is quite large
(about 50 µm). So, this TEM observation is within a single grain, that is, the fcc to hcp
and fcc to bcc transformation coexist in a given grain.
Fig. 5-3 is the TEM micrograph of the sample after reverse transformation
process (RTP). The grain boundary is well defined. The average grain size is about 350
nm although the size is quite different from one grain to another. No martensite phase can
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be found in this case, indicating that the Ms has dropped below the room temperature
after cold rolling and annealing process.
Fig. 5-4 is the TEM microstructure of the sample after recrystallization process
(RP). This microstructure is quite different from that of ST and RTP sample. The grain
boundary is poorly defined and the grain size is hard to estimate (roughly 250 nm ). In
some area, the dislocation density is still quite high, indicating that it is not a fully
recrystallized structure, which may be due to the relatively low recrystallization
temperature.

5.5.

Macroscopic deformation behavior
The room-temperature tensile tests and in-situ neutron diffraction measurements

were performed on three different specimens using the SMARTS instrument at Los
Alamos Neutron Science Center [10]: (1) ST steel: the Solution-Treated, coarse-grained
(50 µm) specimen, (2) RTP steel: the ultrafine-grained (350 nm) specimen after Reverse
Transformation Process (i.e., cold-rolling followed by annealing), and (3) RP steel: the
ultrafine-grained ( 250 nm) steel after Recrystallization Process.
The macroscopic tensile stress-strain curves recorded during the in-situ neutron
diffraction measurements are presented in Fig. 5-5. The serrations (load drops) are due to
the stress relaxation occurred while holding the specimen at a constant displacement (for
about 20 min) for the measurement of diffraction pattern. A few unloads were also
performed to measure the residual lattice strains. The RTP (350 nm) steel shows a yield
stress of about 730 MPa, which is dramatically higher than that of the ST steel (about 210
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MPa) mainly due to the grain refinement. On the other hand, the uniform elongation of
the RTP steel (20%) is close to that of the ST steel (25%), that is, the strength is
improved markedly (more than three folds) without a significant loss of the ductility. In
addition, the stress-strain curves indicate different transformation behavior in these two
samples. There is a short plateau on the stress-strain curve of the RTP steel, which is
related to the formation of the martensite under relatively constant stress as will be shown
later. In contrast, the plateau does not appear for the ST steel. For the RP steel, the yield
strength (780 MPa), ultimate tensile strength (1120 MPa), and uniform elongation (22%)
are quite close to those of the RTP steel. It seems that the grain refinement from 350 nm
to 250 nm does not significantly change the macroscopic mechanical properties. However,
the plateau on the stress-strain curve of the RP steel is apparently longer, which could be
caused by the Lüders band propagation in the gauge part. The evolution of phase
fractions and lattice strains of the austenite and martensite phases during the tensile
deformation of the ST, RTP, and RP steels will be discussed later.

5.6.

Overview of martensitic transformation
The in-situ neutron-diffraction spectra were recorded repeatedly as a function of

the applied stress during the tensile tests, showing the process of the transformation. Figs.
5-6~8 show the axial diffraction patterns (measured with the scattering vector parallel to
the loading direction) of the ST, RTP, and RP samples before and after the tensile
deformation, respectively. Before deformation, the RTP sample (which had been cold
rolled and annealed) has a different texture from that of the ST sample (which shows very
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weak texture after solution treatment). For instance, the peak intensities of the fcc (220)
are quite different in these two samples before deformation.
Fig. 5-6 shows the axial diffraction patterns of the ST specimen before the tensile
deformation and after 25% strain. The reflections from austenite (γ−fcc) and martensite
(both α΄-bcc and ε−hcp) phases can be clearly observed in the initial diffraction pattern
since the martensite start temperature (Ms) of the solution treated specimen is higher than
room temperature. After 25% strain, which is the end of the uniform elongation under the
current experimental condition, the bcc (110) peak grows strong indicating that the bcc
martensite (α΄) becomes the dominant phase. The austenite phase was almost completely
consumed through the transformation. The initially strongest fcc (111) peak can only be
found on the shoulder of the bcc (110) peak. Moreover, the intensities of the hcp peaks
were also found to decrease at the end of the deformation. In austenitic stainless steel, the
martensitic transformation is believed to occur in the sequence of γ → ε → α΄. Therefore,
the amount of hcp phase, as an intermediate phase, diminished at the later stage of the
transformation. Fig. 5-7 is the comparison of the diffraction spectra of the RTP specimen
before and after 20% strain. Due to the annealing process, most of the martensites
(introduced during the cold rolling, which also dropped the Ms below room temperature)
were reversely transformed to austenite, but a small amount of bcc and hcp phases is still
visible. After the tensile deformation of about 20%, the diffraction spectrum is similar to
the counterpart of the ST specimen except that the hcp phase is not resolvable in this case.
Fig. 5-8 shows the diffraction patterns of the RP sample before and after 22% strain.
Similar to the RTP sample, the recrystallization processed sample has very small amount
of martensite phases before the deformation. After 22% strain, the diffraction pattern is
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also very close to that of the RTP sample, indicating that the transformation processes of
the RTP and the RP sample may not be essentially different.

5.7.

Phase and lattice strain evolution of the solution treated (ST) steel
The in-situ neutron measurements were performed at SMARTS. The tensile

loading axis is oriented at 45° relative to the incident neutron beam with the scattering
angle fixed at 2θ = ±90 o for two detector banks. This scattering geometry allows the
simultaneous measurements of the diffraction peak profiles (i.e., peak position, intensity,
and width) parallel (axial) and perpendicular (transverse) to the tensile loading axis. The
phase fraction and the lattice strain are determined by the Rietveld analysis of the
measured diffraction patterns using the General Structure Analysis System (GSAS) [11].
In particular, the lattice strains of fcc and bcc phases were calculated using the equation,

εa=(a-a0)/a0, where a is the lattice parameter under stress and a0 is the stress-free lattice
parameter. The lattice strain of the hcp martensite was calculated by averaging the strains
along a- and c-axes according to ε hcp =

1
3

(2ε

hcp
a

+ ε chcp ) [12]. More details about the in-

situ mechanical loading neutron diffraction measurements can be found in the literature
[13-15].
Fig. 5-9 shows the weight fraction evolution of the three phases (γ−fcc austenite,
α’–bcc and ε−hcp martensites) in the solution-treated (ST) steel as a function of the
applied stress. Before loading, all three phases appear in the undeformed sample,
indicating that the martensite start temperature (Ms) of the ST steel is higher than room
temperature as discussed in section 4.4. In the elastic regime, no changes were observed.
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When the elastic limit (σE; about 125 MPa) is reached, however, the result clearly shows
the quantitative phase evolution during the strain-induced martensitic phase
transformation, where the metastable fcc phase transforms to the bcc phase. The fcc to
bcc transformation is realized by the combination of a lattice deformation (e.g. Bain
distortion), a simple shear, and a rigid body rotation [16].The bcc martensite starts to
increase at the very beginning of the plasticity, and the phase fraction increase becomes
linear after the yield point (σy; about 210 MPa). Meanwhile, a linear decrease in the fcc
phase fraction accompanies the bcc martensite formation and after about 25% strain,
which is the end of the uniform elongation under the current experimental condition, the
fcc phase was almost fully consumed through the transformation (less than 10 wt.%). For
the hcp martensite, the phase fraction increased at the early stage of the plastic
deformation and then, decreased along with the significant reduction in the amount of the
fcc phase. The martensitic transformation, which involves both ε and α phase, is often
observed to occur in the sequence of γ → ε → α’, and the ε phase is believed to be a
metastable phase [17-20]. Therefore, the amount of hcp phase, as an intermediate phase,
diminished at the later stage of the transformation.
The martensite formation plays an important role in the internal stress
development. Fig. 5-10 shows the axial lattice strain evolution in the ST steel under the
applied stress. The strain responses of the fcc austenite and the hcp martensite are
qualitatively similar and both deviate towards lower lattice strain from the linearity after
yielding, indicating the compressive internal stresses developing in these two phases [21].
On the other hand, the bcc martensite gradually deviates to the larger lattice strain and the
tensile internal stress is generated in this phase. With the macroscopic applied stress
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increasing and the phase fraction changing, the bcc martensite starts to share more
applied load and plays a role in strengthening. Accordingly, a significant hardening effect
can be observed in the ST sample as shown in Fig. 5-5.

5.8.

Phase and lattice strain evolution of the reverse transformation
processed (RTP) steel
Fig. 5-11 shows the evolution of phase fraction in the RTP steel as a function of

the applied stress. It was challenging to analyze the accurate phase fraction (and lattice
strain response) of the hcp phase in the RTP steel due to its very small amount (initially,
the hcp phase is unresolvable and the maximum is less than about 5 wt.% during the
plastic deformation) and broad peak profile. Therefore, the hcp phase was not included in
the Rietveld refinement process to ensure the best analysis of the fcc and bcc phases. In
comparison to the ST steel, there are two main differences: (1) the initial bcc phase
fraction is much smaller, because most of the martensites (introduced during the cold
rolling, which also dropped the Ms below room temperature) were reversely transformed
to austenite during the subsequent annealing process, and (2) the transformation is
“rapid” once the applied stress reaches σy (730 MPa) followed by a gradual increase
above 765 MPa with a very similar slope to the ST steel (about 0.1 wt.%/MPa). The
rapid increase in the amount of bcc phase, which may be due to the higher stress status
when the plastic deformation starts, is consistent with the appearance of the short plateau
in the macroscopic stress-strain curve of the RTP steel.
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The axial lattice strain responses of the fcc austenite and the bcc martensite of the
UFG steel are presented in Fig. 5-12. The large error bar presented in the bcc lattice strain
response is due to the uncertainty in the initial lattice parameter (a0) of the small amount
of bcc phase (the lattice strain data are calculated relative to the a0). Also, due to the large
uncertainty in the bcc lattice strain in the elastic region, it is difficult to identify the
accurate stress level where the lattice strain of the bcc martensite starts to deviate
significantly from the linearity. However, it is evident that a large tensile lattice strain
starts to develop above the elastic limit (about 450 MPa). The rapid development in the
lattice strain of the bcc phase is caused by the partitioning of the applied load from the
fcc matrix phase to the bcc phase with small initial phase fraction. With the rapid
martensite formation between 730 and 765 MPa (Fig. 5-11), the internal stress
development in the martensite starts to slow down since more bcc phase start to share the
load. On the contrary, the austenite phase shows relatively linear response although a
small deviation can be observed. It seems that the compressive internal stress in the fcc
phase starts to develop only after the fraction of the bcc phase becomes appreciable.
There are two deformation modes operating in the TRIP steel during the tensile
deformation: transformation straining due to the deformation-induced martensite
formation and plastic deformation (slip) by the dislocation motion [22-24]. The rapid
martensite formation (as shown in Fig. 5-10) and the plateau in the stress-strain curve (as
shown in Fig. 5-5) indicate that the transformation strain is the dominant source of
deformation at the early stage of the plastic deformation in the RTP TRIP steel. Most of
the elongation in the plateau region may come from the transformation strain, i.e., the
volume and shear strains, caused by the martensite formation. The dislocation slip in fcc
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contributes relatively little to the total elongation at this stage and there is no (or very
little) plastic deformation in the newly-formed martensite. Therefore, no strain hardening
can be observed although the much stronger bcc martensite phase is rapidly forming.
When the martensite formation slows down, the plateau in the stress-strain curve ends
(note that there is a slope change at about 765 MPa in Fig. 5-10). The deformation
changes to a mixed mode of transformation and dislocation motion and the hardening
behavior, which plays an important role in stabilizing the plastic flow, becomes apparent.
In addition, it is interesting to note that the maximum bcc phase fraction (79.5%) in the
RTP steel after deformation is almost the same as that of the ST steel (79.4%), which
might be related to the fact that these two samples have very similar ultimate tensile
strength (RTP: 1140 MPa vs. ST: 1110 MPa), although the grain sizes are significantly
different (RTP: 350 nm vs. CG: 50 µm).

5.9.

Phase and lattice strain evolution of the recrystallization
processed (RP) steel
Fig. 5-13 shows the evolution of phase fraction in the RP steel as a function of the

applied stress. For the same reason, the hcp phase is difficult to analyze and the analysis
is focused on the phase fraction and lattice strain of the fcc and bcc phases. The results
are similar to that of the RTP steel. That is: (1) the initial bcc phase fraction is small due
to the recrystallization process; (2) the bcc martensite starts to form when the elastic limit
(about 600MPa) is reached, accelerate at the yielding point (about 780MPa) and increase
rapidly at a constant stress level (830MPa). However, compared with the RTP steel, the
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plateau of the RP steel is longer and the phase fraction of bcc martensite is higher when
the plateau ends (RP 33% Vs. RTP 17%). This difference is possibly caused by the initial
microstructure. As can be seen in Fig. 5-4, the RP steel is not fully recrystallized and the
initial dislocation density is much higher than that of the RTP steel. Accordingly, the
density of the martensite nucleation sites of the RP steel could be much higher than that
of the RP steel. As a result, more martensite in the RP sample forms after the plastic
deformation starts and the plateau appears to be longer.
The axial lattice strain responses of the fcc austenite and the bcc martensite of the
RP steel are presented in Fig. 5-14. Again, the result is comparable to that of the RTP
steel, that is, the lattice strain of the bcc martensite starts to deviate significantly from the
linearity when σE (about 600 MPa) is reached and starts to slow down when more bcc
phase start to share the load. However, on the lattice strain curve of the RP steel, there is
abrupt drop at the yield point (about 780MPa), which could be related to the apparent
Lüders like macroscopic deformation behavior (i.e. the appearance of the plateau).

5.10. Conclusion
In summary, the strain-induced phase transformation behaviors in ultrafinegrained (UFG), transformation-induced-plasticity (TRIP) steels were investigated using
neutron diffraction. The results of the in-situ mechanical testing were analyzed and the
relationship among the phase fractions, lattice strains, and the macroscopic tensile
behavior was discussed. The martensite formation and the concurrent load partitioning
between the austenite and the newly-forming martensite phases were identified as the

- 169 -

source of the strain hardening that facilitates the high ductility maintained in the UFG
steel. The TRIP effect discussed here could also be applied to enhance the hardening and
ductility of nanocrystalline alloys, in which limited dislocation activities are observed.
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Appendix

First cycle

Recrystallization

Temperature

Solution
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Reverse
Transformation
Af
As

Warm
Rolling

Recrystallization

Cold
Rolling

Figure 5-1. Schematic of the thermomechanical processes to achieve ultrafine-grained

steel. After reverse transformation process (RTP), the grain size is refined to about
350nm and after the recrystallization process (RP), the grain size is further reduced to
about 250nm [9].
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α’

ε

500nm

Figure 5-2. TEM bright field image of the solution treated (ST) sample. Both ε-hcp and

α’-bcc martensites can be observed.
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250nm

Figure 5-3. TEM bright field image of the UFG TRIP steel after reverse transformation

process (RTP). The average grain size is about 350 nm.
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250nm

Figure 5-4. TEM bright field image of the UFG TRIP steel after recrystallization process

(RP). The average grain size is about 250 nm.
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Figure 5-5. Tensile stress-strain curves of ST steel (green) with an average grain size of

50 µm, RTP steel (red) with an average grain size of about 350 nm, and RP steel (black)
with an average grain size of about 250 nm.
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Figure 5-6. Axial diffraction spectra before (red) and after deformation (black) of the

solution treated (ST) sample.

- 178 -

Normalized Intenisity (a.u.)

RTP
20% Strain
Before deformation

f(311) b(211)

b(110)

f(111)

f(200)

b(220)

f(111)

f(311)

f(200)
b(110)

f(222)

h(1010)
f(220)

0.8

1.0

1.2

1.4

1.6

1.8

2.0

2.2

2.4

D-Spacing (Angstrom)
Figure 5-7. Axial diffraction spectra before (red) and after deformation (black) of the

reverse transformation processed (RTP) sample.
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Figure 5-8. Axial diffraction spectra before (red) and after deformation (black) of the

recrystallization processed (RP) sample.

- 180 -

1.0
fcc austenite
bcc martensite
hcp martensite

0.9
fcc

0.6
0.5
0.4

σy (210MPa)

0.7
σE (125MPa)

Weight Fraction

0.8

0.3
0.2

hcp

0.1
0.0

bcc

0

200

400
600
800
Applied Stress (MPa)

1000

1200

Figure 5-9. Evolution of the weight fraction of austenite and martensite phases in the

solution treated (ST) steel during the room-temperature tensile testing. (σE - elastic limit,

σy - 0.2% yield stress)
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Figure 5-10. Evolution of axial lattice strains of the austenite and martensite phases in

the ST steel.
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Figure 5-11. Evolution of the weight fraction of fcc austenite and bcc martensite phases

in the reverse transformation processed (RTP) steel during the tensile testing.
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Figure 5-12. Evolution of the axial lattice strains of fcc austenite and bcc martensite

phases in the RTP steel.
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Figure 5-13. Evolution of the weight fraction of fcc austenite and bcc martensite phases

in the recrystallization processed (RP) steel during the tensile testing.
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Figure 5-14. Evolution of the axial lattice strains of fcc austenite and bcc martensite

phases in the RP steel.
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Summary and Future Work

Two types of TRIP (Transformation induced plasticity) steels, a commercial 304L
stainless steel (0.03 C, 2.0 Mg, 0.045 P, 0.03 S, 1.0 Si, 18 -20 Cr, 8-12 Ni, and balance Fe
in wt%) and a UFG steel (10 Cr, 5 Ni, 8 Mn, 0.1 C, and balance Fe in wt%), have been
studied and the effects of temperature and grain size on the transformation and
mechanical behaviors have been investigated.
At 203K, the strain-induced martensite phases (bcc and hcp) were observed to be
textured and the transformation is grain-orientation dependent. The fcc grains with {200}
plane normal parallel to the loading direction are preferred for the fcc to bcc
transformation and the {200} plane normals of the newly-formed bcc grains are also
concentrated along the loading direction. For the fcc to hcp transformation, the fcc grains
transform within a wider range of orientation distribution and the hcp basal plane normals
are primarily orientated with an anlge between about 10° to 50° to the loading direction.
The austenite texture evolution is not signifcantly affected by the martenisite formation.
At 77K, two components, <110> and <111>, rather than only <110> component
observed at room temperature, develops in the fcc austenite. For the bcc martensite, the
grains are primarily oriented with (100) plane normal parallel to the loading direction. A
slight <111> texture was observed at the early stage of the deformation and then,
diminishes, rather than strengthens, with the applied strain. At high strain levels, the bcc
phase becomes less textured when the fcc grains with less favorable orientations start to
transform. It is illustrated that the phase transformation dominates the texture evolution
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during the low-temperature deformation. The fcc to hcp transformation occurs in a wide
area and a high shear stress is favored for the hcp phase formation. After the hcp phase
saturates, it develops a compression texture resulting in an increase of the (0001) pole
density in the loading direction.
The grain size has a profound effect on the transformation/deformation behavior
of the TRIP steels. The phase fractions and lattice strains for both austenite and
martensites have been determined. The ultrafine-grained (350 nm and 250 nm) samples
show a combination of high strength and good elongation. The martensite formation and
the concurrent load partitioning between the austenite and the newly-forming martensite
phases were identified as the source of the strain hardening that facilitates the high
ductility maintained in the UFG steel.
In the future, the cryogenic tensile tests of the 304L stainless steel will be
performed. Then, the preferential phase transformation can be compared with that under
compression. With larger amount of martensites introduced under tension, lattice strains
of the martensites can be accurately determined and the kinetics of the phase
transformation can be further investigated.
In case of UFG steels, the temperature effects on the transformation and
mechanical behaviors also need to be explored. As discussed in Part Five, the coarse
grained steel contains some amount of martensites before deformation. Mechanical tests
at higher temperatures (to get a fully austenitized sample) should be performed to get a
more accurate comparison with the UFG sample.
To obtain a detailed understanding on the TRIP effect, a computational modeling
is necessary to quantitatively determine the contribution of the transformation strain to
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the total plasticity. The experimental data presented in this thesis can aid the development
of the computational simulations on the transformation texture and the TRIP effect.
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